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THE MICROSTRUCTURE OF WELD METALS IN LOW ALLOY STEELS
SUMMARY

The microstructure of High Strength Low-Alloy steel weld metals has been
investigated .using a variety of techniques including transmission electron
‘microscopy, incorporating energy dispersive X-ray analysis, and high- speed
dilatometry.

The nature of the constitutent commonly termed acicular ferrite, which
is known to confer good toughness and strength in these materials, has been
shown to comprise intragranularly nucleated Widmanstatten ferrite. Weld
metal inclusions have been demonstrated to be the primary sites for the
intragranular nucleation events and it is believed that the inclusions act to
redyce the energy barrier to nucleation by providing a high energy interface
which is- destroyed- during nucleation. The fine interlocking nature of the

icroétructure is attributed to sympathetic nucleation of ferrite on
inclusion nucleated laths.

The proportion of the acicular ferrite constituent in the final
microstructure is found to be a complex function of cooling rate, alloy
composition, inclusion content and the austenite grain size of the weld
deposit. These latter three parameters appear to be interrelated in many
instances due to the nature of the alloying elements considered.

The dilatometric investigation of the decomposition of austenite in
H.S.L.A. weld metals, under both isothermal and continuous cooling
treatments, seems to be consistent with recent fundamental theories of phase
transformations in steels. The general concept that two 'C' curves exist
(ie. describing diffusional and shear transformations respectively) and can
accurately describe transformations in steels is supported. The application
of a thermodynamic analysis to transformations occufring on continuous
cooling has introduced the concept of an 'effective' bainite start
temperature to describe the condition of the austenite remaining
untransformed during heat treatment,

At the cooling rate and alloy composition considered in these weld
materials, transformation has been shown to proceed at temperatures
consistently higher than this calculated Bainite start temperature at all
stages of transformation. The morphology of the uvpper bainite microstructure
has been investigated and shown to be consistent with a mechanism involving

displacive sub-units of bainitic ferrite.
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CHAPTER I

INTRODUCTION

1.1. INTRODUCTION

The fusion welding of steels encompasses one of the broadest fields
of Metallurgy. It brings together many aspects of Science and
Engineering design placing these disciplines at the front of commercial
development. The principles of steelmaking, casting technology and
, physical metallurgy all combine to produce a complex problem which must
be éolve&.uﬁy. the consumables manufacturer. As if not content,
technology has then demanded of these materials stringent mechanical
properties and set them to work often in extremely severe operating
conditions.

The development of High Strength Low Alloy (H.S.L.A.) steels has
been one of the major breakthroughs in metallurgy over the last ten
years. Combinations of controlled rolling and microalloying additions
have systematically improved the mechanical properties in these low
carbon steels to meet the rigorous demands of the pipeline and offshore
industries. The next section will describe the metallurgical background

to the welding of these steels.

1.2 METALLURGICAL BACKGROUND

In response to the development in wrought steels, welding

technology has so far kept pace with the ever increasing demands for



improved mechanical properties in weld materials. This has been.
achieved in H.S.L.A. weld metals by promoting the development of the so
called 'ACICULAR FERRITE' microstructural constituent, as shown in
Fig.l.1.r This fine grained component has been shown to be both stronger
and tougher than predominantly grain boundary nucleated microstructures)
as illustrated in Fig. 1.2. Since in these materials, the study of
microstructure is synonymous with investigations into their mechanical
properties any fundamental study into the development of microstructure
can contribute directly to achieving the goals of stronger, tougher weld
materials.

| An ;&&itional factor in determining the toughness of these
materials is the presence of a significant volume fraction of
non-metallic inclusions.

Since the early metallographic studies of wrought iron revealed the
presence of numerous and often large inclusions, as for example shown in
Fig.l.3, metallurgists have sought to reduce the total numbers present
in structural materials. In wrought steels, the overall relationship
which has been determined in many studies linking the volume fraction of
inclusions with toughness is given in Fig.1l.4. Typically, decreasing the
inclusion volume fraction has usually been associated with increasing
toughness. In marked contrast, however, this is not generally the case
in weld materials. Ito & Nakanishi (1976) detailed a unique
relationship,_linking inclusion volume fraction and toughness in
submerged arc weld metals, which is given in Fig.1l.5. 1Initially, as in
wrought materials, a decrease in inclusion volume fraction is associated
with increasing toughness. Ma%imum toughness is achieved at a critical

inclusion volume fraction,and,if further reduced, toughness is impaired.
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(Courtesy D.J. Abson, The Welding Institute)

tructure commonly termed 'ACICULAR

Fig.1.2 Typical example of the microstructure previously termed 'FERRITE

SIDE PLATES' or more recently 'FERRITE WITH ALIGNED M-A-C'
(martensite -austenite-~carbide).

(Courtesy D.J. Abson, The Welding Institute).



Fig.1l.3 Microstructure of a wrought iron girder supporting the central

arch, Corn Exchange, Cambridge. The inclusions comprise sulphide,
phosphide and silicate types.
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wrought steel. determined experimentally in

submerged arc weld metal, after
Ito and Nakanishi (1976).



Ito & Nakanishi (1976) noted that the microstructural component
present in a given weld metal was dependent on the inclusion volume
fraction - the acicular ferrite constitutent being present only over a
limited oxygen range. It is the explanation of this so-called 'OXYGEN
EFFECT' i.e. the relationship between microstructure, toughness and
inclusion volume fraction, that is central to the work described in this
investigation.

The conference 'TRENDS IN STEELS AND CONSUMABLES FOR WELDING'
(1978) focussed attention on recent developments in welding and material
_requifements for the 1980's. 1In particular, the discussion sections
follbwing £ﬁa£ conference highlighted many of the points which needed
clarifying with respect fo microstructure.

Both North (1978) and Garland (1978) pointed to the confusion
regarding the terminology used. to describe the microstructure of as-
deposited steel weld metals. It was clear that the terms acicular
ferrite, Widmanstatten ferrite and bainite had often been almost
interchangeable in previous investigatiqns;ﬂwaawm was a need for a
systematic study of microstructure per se. Such an investigation is
described in Chapters 2, 4 and 5, where the techniques of weld
quenching, transmission electron microscopy and high speed dilatometry
have ali been used to characterise commercial weld metals. In addition,
Chapter 5 presents a thermodynamic analysis based on the recent work of
Bhadeshia,which attempts to quantify, thermodynamically, the development
of microstructure in these weld materials.

Experimental evidence presented at the conference suggested that
weld metal inclusions were having a pronounced effect on the development
of microstructure. However, it was clear [viz the written contributions
of Cochrane (1978) and Abéon (1978.1)] that no general consensus of

opinion could be established between the various authors



as to the role of inclusions, and,as Garland commented'....THE WHOLE
OXYGEN SITUATION NEEDS VERY CAREFUL ATTENTION'. Since the medium bxygen
regime (CIRCA 0.03% 02) is known to confer the optimum mechanical
properties in weld materials, the whole of Chapter 6 is devoted to a
study of the nature and development of acicular ferrite. A model is
- described to assess the relative free energy barriers for the possible
modes of formation of this constitutent and T.E.M. is used to clarify
its microstructural development.

Work published during the course of this research, Farrar & Watson
A (1979), suggested that inclusions could have a role to play in
deférminiﬁé'métrix chemistry. This possibility is examined in Chapter 7,
where a STEM/EDS technique has been used to characterise both the
inclusion chemistry and its effect on local and matrix composition.

Finally, having established the major parameters involved in the
development of microstructure in H.S.L.A. steel weld metals)the work in
Chapter 8 examines several factors which can promote the development of
the desired acicular ferrite constituent. Specifically, the role of
oxygen and manganese will be reviewed in both manual metal arc and
submerged arc weld metals. The role of preheat, parent plate
deoxidation practice and facetting of inclusions will be briefly
examined, and possible crystallographic aspects of ferrite nucleation on
inclusions discussed. Chapter 9 will present the conclusions and

suggestions for further work.

1.3 _SOLIDIFICATION STRUCTURE OF WELD METALS

Any investigation into the study of microstructure in ferrous
materials must include an accurate description of the parent austenite.

In the case of weld materials, this also involves describing the



solidification process which has been summarised recently by Widgery
(1974), whose work will form the basis of this brief review.

Because of the high thermal gradient present, cellular
solidification is usually favoured in submerged arc and manual metal arc
weld deposits. This results in the familiar columnar structure usually
found in the final microstructure. An additional factor which has been
established in these materials is the epitaxial growth of solidifying
grains from those in the base materials.

The solidification process of these low' carbon weld metals can best

be summarised in Fig.1l.6. Initially, the delta ferrite grains form
.epifaxiaiifbaﬁ the fusion boundary. They grow in a columnar manner
towards the centre of the weld pool, separated by high angle boundaries,
and accompanied by solvent segregation (e.g. sulphur). These columnar
delta ferrite grains are highly textured, since <100> directions are
favoured growth directions in these cubic materials. As the temperature
falls, austenite nucleates on these boundaries and also grows in a
columnar manner. Thus, in the final as-deposited microstructure of a
weld metal, two columnar grain structures are present. Using solute
sensitive etches, Widgery (1974) showed (Fig.1.7) that prior delta
boundaries could be revealed (arrowed) and that these boundaries were
independent of the prior austenite boundaries which are generally
outlined by the presence of proeutectoid ferrite (e.g. at A and B). The
relationship between these delta and austenite boundaries is still not
clearly understood,and is one of the areas where a detached study is
recommended.

Summarising, the result of the solidification process 1is to
establish a series of columnar austenite grains prior to the
decomposition reaction, which is the subject of the research described

in this thesis.
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Fig.1.6  The solidification sequence for low carbon weld metals deposited
using submerged arc or manual metal arc welding processes.



Fig.1l.7 Microstructure of a typical submerged arc weld etched in Klems
reagent. Following a light pre-etch in nital, the solute sensitive
reagent reveals prior delta ferrite boundaries (as arrowed) in
addition to the prior austenite grain boundaries, eg at A and B.
(After Widgery (1974), courtesy D.J. Abson, The Welding Institute).



CHAPTER 2

THE DECOMPOSITION OF AUSTENITE IN FERROUS ALLOYS

2.1 INTRODUCTION

The decomposition of austenite is probably one of the most
important phase transformations in physical metallurgy. The industrial
significance of iron-based alloys reflects the degree of scientific
intefest;<in the various transformation mechanisms by which this
decompositiqn can occur and the various morphologies and mechanical
properties so produced.

This chapter will review the literature concerning the austenite
decomposition reactions in ferrous alloys. Particularly relevant is the
recent literature regarding the proeutectoid ferrite transformation in
low alloy steels. This is the predominant microstructure observed in
H.S.L.A. steel weld metals and therefore central to the work described
in this dissertation. The fefrite morphologies observed in commercial
weld metals formed dumng continvous ' cooling will be compared with
those obtained in isothermal heat treatment in comparable wrought
steels.

As further background)it is useful to consider the general
characteristics of solid state transformation,as summarised by Christian

(1965). These are best termed CIVILIAN and MILITARY and are as follows:

(a) Civilian Processes

The characteristics of thermally activated reactions are:-
(1) There is usually an incubation period before transformation

commences.



(2) The degree of transformation is independent of temperature and
will continue until equilibrium is reached.

(3) There is no correspondence between the initial and final sites
of atoms, since diffusion during the transformation destroys any such
correspondence.

(4) The final composition of the product phase may differ from the
parent phase because of the diffusional processes involved.

(5) The effect of applied stress is to increase the rate of

reaction.

(b)'Milifary Processes

The characteristics of these reactions are:-

(1) The degree of transformation is dependent on temperature.

(2) There is a definite correspondence between the product and
parent phases, since no diffusion occurs during the transformation and
atoms are transferred across the interface in an orderly manner.

(3) There is no change in chemical composAtion between the product
and parent phases during transformation.

(4) The effect of applied stress is to increase the degree of
transformation.

In the light of recent research, it is important to note that such a
strict division is not always permissible,as 'SOLDIERS MAY SOMETIMES BE
OUT OF STEP AND CIVILIANS MAY SOMETIMES FORM PARAMILITARY ORGANISATIONS'
(Christian, 1965).

2,2 THE DECOMPOSITION OF AUSTENITE IN FERROUS ALLOYS

2.2.1. THE PROEUTECTOID FERRITE REACTIONS

Aaronson (1962) has provided an extensive survey of the early
literature regarding the proeutectoid ferrite and cementite reactions in

ferrous alloys, which will form a framework for this review. It is now



generally accepted that, initially, nucleation of proeutectoid ferrite
will occur at austenite grain boundaries. Classically, following the
proposal of Smith (1953), nucleation was thought to take place with the
ferrite *nucleus forming a partially coherent interface with one of the
adjacent austenite grains. The orientation relationship across this low

energy interface would be the kumﬁumoﬁ—Sachs (1930) relationship, where
111 110
(i), 0 (110),
[ 110 ] /] [111],

The growth of ferrite subsequently occurs into the other austenite
grain by the movement of the more mobile incoherent boundary. Zener
(1949) and subsequently Atkinson et al (1973) showed that the thickening
rate of these allotriomorphs was consistent with growth involving the
volume diffusion of carbon in austenite. Though it is now recognised (eg
Hillert (1962)) that, in many cases, the ferrite nucleus has an
orientation relationship with both austenite grains, the classical model
still forms a useful basis for further discussion.

The various morphologies which ferrite develops during the
proeutectoid reaction were examined by Mehl and Dube (1951) and finally
summarised by Aaronson (1962) in the form of the Dube morphological
classification system. This scheme is shown in Fig.2.1,6 where the
following components can be described. (It should be noted that this
scheme is quite arbitrary and therefore does not contribute directly to

a study of mechanisms.)

(a) GRAIN BOUNDARY ALLOTRIOMORPHS

- nucleating and growing preferentially along grain boundaries.

" (b) WIDMANSTATTEN SIDEPLATES




a) grain boundary allotriomorphs

—

b) Widmanstatten  sideplates

i

c) Widmanstatten sawteeth

WAVANEREEE

d)idiomorphs

O —O—o-
e)intragranular Widmanstétten plafes

-  ——

f)massive structure

)

Fig.2.1
The Dube morphological classification system
OVERALL
MOBILE GROWTH
INCOHERENT DIRECTION
FACET
= | LEDGE_MOVEMENT
IMMOBILE PARTIALLY =
COHERENT FACET
Fig.2.2

The ledge mechanism (Aaronson, 1962)



-nucleating directly at grain boundaries (primary plates) or from grain
boundary allotriomorphs (secondary plates ).

(c) WIDMANSTATTEN SAWTEETH

- having triangular cross-section in the plane of polish which again can
be primary sawteeth or secondary sawteeth.

(d) IDIOMORPHS

- equiaxed ferrite which can be intragranularly or grain boundary
nucleated.

(e) INTRAGRANULAR WIDMANSTATTEN PLATES

- nuéleating within the austenite grains.

(£) MASSIVE STRUCTURES

- not constituting a fundamental morphology, being the result of
impingement.

The relative proportion of these variants in any given system can
be rationalised as follows. At relatively high temperatures (slow
cooling rates in continuous cooling), incoherent growth is favourable,
since the supersaturation is low. At lower temperatures (faster cooling
rates in continuous cooling), partially coherent growth modes are
favoured, since the supersaturation is high.

The mechanism of growth of Widmanstatten ferrite (ie. primary and
secondary sideplates and intragranular plates) remains controversial.

One school of thought considers that the plates develop by a
diffusional ledge mechanism which is illustrated in Fig.2.2. This was
initially proposed by Aaronson (1962) and subsequently refined (1969) to
form a general theory of precipitate morphology. The interphase
boundary between austenite and ferrite was considered to comprise of
partially coherent regions and incoherent ledges. The partially
coherent regions were considered immobile and to offer a barrier to
growth normal to the boundary)whereas the disordered structure of the

ledge allows it to migrate along the immobile boundary, displacing it
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perpendicular to the interface. The rate of growth of these ledgés was
modelled by Jones and Trivedi (1971) as a function of the ledge height
and interledge spacing. The development of secondary Widmanstatten
sideplates was modelled by Townsend and Kirkaldy (1968), who extended the
complex perturbation theory of Mullins and Sekerka (1965). 1In this
manner, Widmanstatten plates were thought to develop from protuberances
in the austenite/ferrite interface. The overall features of the
reaction were controlled by carbon diffusion in austenite moderated by
the effect of surface tension.

"Kinsman et al (1975) studied the formation of ferrite sideplates in
iroﬁ—carﬁbh: élloys) usipg thermionic electron emission microscopy.
Experimentally  they observed growth ledges on the broad faces of
Widmanstatten ferrite plates,and claimed that the measured vélocity of
vthese ledges corresponded to those calculated using the analysis of
Jones and Trivedi (1971). Further, since the ledges were observed to
lengthen at rates controlled by the diffusion of carbon in austenite,
they claimed that the disordered nature of the riser was justified.
Fig.2.3 shows the thickening kinetics they observed for the growth of
Widmanstatten plates in a low carbon steel. The observed rate was
clearly less than that allowed by the theoretical diffusion controlled
rate (upper curve) and was clearly discontinuous, which they attributed
to the passage of superledges along the broad faces of the plates. They
concluded that the F.C.C./B.C.C. interface was indeed partially coherent
and represented a barrier to growth normal to the interphase boundary.
In the case of secondary sideplates, they proposed that the most
important source of ledges was the concave junction between the
sideplates and the gréin boundary allotriomorphs from which they
developed. It should also be noted that their experimental evidence
included excellent examples of the surface relief which accompanied the

transformation products investigated. They concluded that the
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observation of these surface tilts was not necessarily indicative of a
military type of transformation, and only indicates the presence of a
partially coherent boundary.

The influence of austenite grain size on the Widmanstatten ferrite
start temperature has been the subject of many investigations. Early
work in this field has been reviewed by Krahe et al (1972) and these
experimental observations are summarised in Fig;2.4 for a plain carbon
steel. The Widmanstatten ferrite start temperature was observed to vary
between 600°C and 840°C over a range of austenite grain sizes between
10 ym and 200 pm. It should be noted that over the range generally

}en¢ountefé& in weld materials, 100 pym, there is little variation with
temperature. Krahe et al (1972) have claimed that these observations
can be incorporated into the general theory of precipitate morphology,
Aaronson (1962) (1969). i

The nature of the partially coherent austenite/ferrite interface
has been investigated by Aaronson and co-workers. Atkinson et al (1973)
showed that the F.C.C./B.C.C. interface could be modelled geometrically
and that for‘the N-W or K-S orientation rélationshipsnoted that only 8%
of the atoms in the boundary could be regarded as coherent. However,
with the introduction of monatomic steps in the interface, the proportion
of coherent atom sites increased to 25%. Subsequently, Russell et al
(1974) introduced a series of misfit dislocations beteeen the areas of
coherency,resulting in a classic partially coherent boundary. Neither
the structural ledges (which were coherent) or the misfit dislocation
(whose Burgers vector lay in the boundary plane) could participate in
the growth process.

Rigsbee and Aaronson (1979.1) extended the results of Hall et al
(1972) and Russell et al (1974) for a spread of orientations in the N-W
to K-S region and a range of lattice parameter ratios between the FCC

and BCC phases. Summarising, they concluded that regions of good atomic
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matching exist in the interface for all orientation relationships in the
N-W to K-S orientation regions and for a wide range of lattice parameter
ratios. They proposed that these structural ledges can account for the
irrational habit plane observed (see Lui et a1(197@) for Widmanstatten
ferrite. Further, they show that the introduction of triatomic
structural ledges increases the overall coherency of the interface.
.Finally, since the misfit dislocations and structural ledges are
immobile) they conclude that FCC - BCC transformation cannot be
displacive in nature.

"In a comparison paper,Rigsbee and Aaronson (1979) investigated the
inférfaci;i-sfructure of the broad faces of Widmanstatten ferrite plates,
using a weak beam technique. They concluded that the interfacial
structure contained a single array of parallel misfit dislocation (20 &
apart) and structural ledges ( 50 & apart). The dislocations were mixed
in character,with their Burgers vectors lying in the habit plane of the
interface, thus again concluding that, since a glissile dislocation
structure is required for a diSplacive mechanism, the transformation was
diffusional in nature.

The opposing school of thought regards the transformation to
Widmanstatten ferrite as having.characteristics which they believe are

unmistakably martensitic in character.

Early work with this view eg Ko and Cottrell (1952% established
that the ferfite transformation product gave rise to relief effects on a
prepolished surface. Further work by Ryder and Pitsch (1966) showed
that the crystallégraphy of this reaction was in general agreement with
the phenomenological theory of martensite formation, Bowles and
Mackenzie (1954). Wa;son and McDougall (1973) established that the
plates produced an invariant plane strain (I.P.S.) form of shape
deformation, and implied that the growth mechanism had martemsitic

characteristics. It should be noted (see Aaronson, (1962)) that the
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observation of these surface reliefs is itself not disputed for the
Widmanstatten ferrite reaction.. However, there is clear disagreement
over the significance of such effects. Christian (1962) and Bhadeshia
(1979) bBelieve that the existence of an I.P.S. shape change implies
definitive evidence for a displacive growth mechanism. (It must also be
realised ,however, that this does not imply that carbon diffusion cannot
accompany, and even control, the overall transformation.). In contrast}
Aaronson and co-workers, eg (1962) (1969), claim that the I.P.S. shapechmge
does not necessarily define the nature of the transformation mechanisms.
_ They.claim that relief arises due to the existence of a sessile
seﬁi-cohé?éﬁt-interface, though it must be stated that, as Bhadeshia
(1980.2) has pointed out, the diffusional school consistently fails to
explain the mechanism of relief production. ‘Since this point is purely
a matter of interpretation, it is difficult to envisage how it will be
resolved in future.

A further point to be considered is the nature of the
ferrite/austenite interface. Rigsbee and Aaronson (1975.1))(1979.2)
concluded that a diéplacive transformation was impossible, since the
interfacial structure is comprised of coherent structural ledges and
sessile dislocations. In contrast Bhadeshia (1980.2) proposes that
these structural ledges would be better regarded as coherency
dislocations which accompany shear transformation,6 and are therefore
glissile, leading to the formation of an I.P.S. shape change effect.

Though the relief effects and interfacial structure have been
subject to two different interpretations,a third objection to the shear
mechanism for Widmanstatten ferrite formation has recently been
resolved.

Aaronson et al (1975) have proposed that for a displacive mechanism
there is insufficient driving force to account for the strain energy

which arises from the shape change. Bhadeshia (l980.2l,in an effort to
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resolve this question, investigated the existence of a
'crystallographic' degeneracy in_the FCC/BCC system. This was
considered compatible with the simultaneous and back-to-back growth of
mutually accommodating plates. Adjacent plates are of the same
crystallographic orientation but their shape strains mutually accommodate,
giving rise to the tent shaped relief observed. In a further analysis,
Bhadeshia (1981.1) established the precise thermodynamic conditions for
the formation of Widmanstatten ferrite. The strain energy question was
rationalised, and it seems unlikely that this objection itself is a
limifing feature for the proposéd displacive nature of the
traﬁsforﬁékioﬁ.

Summarising, Widmanstatten ferrite formation was considered to
involve the growth of mutually accommodating plates in a back to back
manner. The plates form with an equilibrium carbon content  and hence
the growth rate is carbon diffusion controlled/ but an atomic
correspondence is maintained with respect to the iron atoms.

Recent work on the nature of the FCC/BCC interface, eg Ecob and
Ralph (1980), (1981) and Howell et al (1981L has indicated that the
nature of the partially coherent boundary is considerably more complex
than that proposed by Rigsbee and Aaronson (1979.1).

It is important to note that in their model, Rigsbee and Aaronson
(1979.2) identify the interphase boundary of minimum energy by

maximisation of the interfacial coherency between the phases. They

thus step the interface and introduce misfit dislocations to increase
the degree of interfacial coherency. In contrast ,Ecob and Ralph (1980%
(1981) have shown that a purely geometrical quantity, designated the R
parameter, represents the most appropriate quantity to describe the
lowest energy interface between the phases. This quantity varies as the
energy of interaction of the interfacial dislocations)and can be used to

determine the interface with the overall minimum energy. This
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analysis thus accounts for the contribution of the interfacial
dislocations to the energy of the interface,which is not included in the
Rigsbee and Aaronson model.

The lowest value of R ( corresponding to the minimum interfacial
energy) is predicted to be (111) FCC for orientations in the N-W to K-S
range, and for any deviations from this plane, they concur with Rigsbee
and Aaronson (1979.1) that structural ledges must be incorporated into

the interface.

2.2.2 THE PROEUCTECTOID CEMENTITE REACTION
| | The;ﬁbfpﬁology and kinetics of the proeutectoid cementite reaction
has received relatively little attention in comparison with the ferrite
reaction. Aaronson (1962) has documented the major morphological
variants of proeutectoid cementite, indicating some of the similarities
with the ferrite microstructures. However, he also noted the confusion
that existed (and still does) in the factors controlling the mechanism

of growth of the various constituents.

2.2.3. _THE PEARLITE REACTION

The pearlite reaction is most conveniently described as a lamellar
eutectoid reaction occurring by the co-operative growth of ferrite and
cementite behind an incoherent boundary. It has been the subject of
many extensive reviews,eg Hillert (1962% since Sorby first identified
the constituent in plain carbon steels.

Since the two product phases have different carbon contents, a local
rearrangement can be achieved in three principal ways.

(1) Diffusion of carbon in austenite ahead of the interface.
(2) Diffusion of carbon in the austenite/pearlite interface

(3) Diffusion of carbon in the ferrite behind the interface.
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Quantitative analysis of the growth rates of pearlite, eg. Cahn and
Hagel (1962), indicated that the transformation proceeded faster than
that allowed by volume diffusion of carbon. These observations led
both Cahn and Hagel (1962) and Hillert (1962) to conclude that an
interfacial diffusion pathway was likely. The view of Darken and Fisher
-(1962) that a ferrite gap existed between the cementite lamellae and
austenite interface, which led then to conclude that the transformation
was controlled by the diffusion of carbon in the ferrite behind the
interface, has been refuted by Dippenar and ‘Honeycombe (1973). 1In this
latter study, cementite was shown to be continuous up to the austenite
intérfacé:“

Nucleation of pearlite, like that previously discussed for
proeutectoid ferrite, occurs preferentially at austenite grain
boundaries. It now seems accepted that either cementite or ferrite can
nucleate the initial pearlite nodule. Two main ferrite/cementite
orientation relationships are observed in pearlite (Dippenar and
Honeycombe (1973)), depending on the condition of the prior austenite
boundary. If pearlite nucleated directly on the austenite grain
boundary, a Pitsch-Petch orientation relationship was observed; however,
when the austenite boundary was coated with a proeutectoid layer of
cementite a Bagaryatski orientation relationship was observed.

2.2.4. THE BAINITE TRANSFORMATION

For many years, the mechanism of formation, and even the
identification, of the bainite constituent in steel represented one of
the great debates in metallurgical literature,eg. Hehemann et al (1970),
Kennon (1974), Christian (1965). The choice of mechanism lay again
between a diffusional mechanism proposed by Aaronson and co-workers and

a displacive mode of transformation as discussed by Oblak, Hehemann and

Wayman and co-workers.
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Classically two variants are generally recognised, designated upper
and lower bainite,which reflects the difference in carbide distribution.
At high temperatures, interlath cementite was observed between the
bainite .ferrite laths, whereas at lower temperatures, intralath cementite
was present within the bainite ferrite laths. Other bainite
morphologies have been observed, eg. granular bainite reported by
Habraken énd Economopoulos (1967), and the confusion regarding
definitions and terminology prompted Aaronson (1969) to propose three
principal definitions, which can be summarised as follows.

1. MICROSTRUCTURAL DEFINITION

. Micfaéfrﬁcturaly, bainite was defined as a non-lamellar eutectoid
reaction.

2. KINETIC DEFINITION

Kinetically, bainite was regarded as having a distinct'C'omwiand
above a critical temperature (the bainite start temperature), the product
was not observed.

3. SURFACE RELIEF DEFINITION

In this last definition, bainite was loosely described as any
product which, under isothermal heat treatment conditions}gave rise to
surface tilts on a prepolished surface.

Much of the early literature on the mechanism of formation of this
constitutuent has been recently reviewed in a complete and definitive
study of the bainite reaction (Bhadeshia (1979)). The basis of this
present review will be to consider briefly the early work in this field,
before considering the implications of the more recent work in detail.
It must be noted that the problems discussed in section 2.2 regarding

interpretation of surface relief effects and the nature of the

interfacial structure also apply to the following section.
Observations by Ko and Cottrell (1952) that the formation of

bainite was accompanied by surface relief effects led . to the proposal
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that the reaction was displacive in character. Further work by Matas
and Hehemana (1961) and Goodenow et al (1965) concluded that in both
up?er and lower bainite, the baintic ferrite formed initially with a
carbon supersaturation. In lower bainite, this was subsequently relieved
by precipitation of initially e-carbide (resulting finally in cementite)
within the bainitic ferrite whereas in upper bainite carbon diffusion to
the remaining austenite resulted in precipitation of cementite at the
bainite ferrite boundaries. Goodenow et al (1965) and subsequently
Oblak and Hehemann (1967) reported that the morphology of bainite
comprised individual sub-units, which were the elementary growth units
whoée reﬁééfe& nucleation and martensitic growth could account for the
overall reaction kinetics. The development of microstructure was
considered to be controlled by either the removal of carbon from the
bainitic ferrite and/or the relaxation of transformation strain.

The diffusional mechanism, based on the work of Aaronson and
co-workers;proposes that the bainitic ferrite component develops by a
classic ledge mechanism over the whole range of transformation
temperatures. The charactefistic bay in the T.T.T. curve is considered
to arise due to a solute drag concept. Alloying elements which decrease
the carbon activity in austenite, eg Mo, are considered to give rise to
an enhanced drag effect on the austenite /ferrite interface, therefore
reducing the overall reaction kinetics. 1In contrast, elements which have
only a small effect on reducing the carbon activity eg Mn,or raise this
parameter, eg. Si, should not give rise to this drag effect. The
so-called 'incomplete reaction phenomenon' of the bainite is not
considered to be a general characteristic. Finally a thermodynamic
analysis has been presented, Aaronson and Kinsman (1967) , which was

claimed to invalidate the displacive sub-unit mechanism.
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It is now appropriate to review the recent literature regarding the
bainite transformation which has clarified many of the problems
discussed above.

Bhadeshia and Edmonds (1979),(1980) investigated the morphology of
bainite in a medium carbon silicon steel. The advantage of this system
is that due to the presence of 2% Si, carbide precipitation is
inhibited and retained austenite observed in the final microstructure.
The morphology of a complete sheaf of upper bainite which they observed
is shown in Fig.2.5. Each sheaf is comprised of a group of individual
sub-units separated by films of retained austenite. These observations
themselvéé'éré quite convincing evidence for the martensitic sub-unit
mechanism which the authors support. Further, the observation of two
distinct 'C' curves for the upper and lower bainite reactions in this
system (and thus three minima in the overall reaction kinetics) is
clearly incompatible with a solute drag effect, which can only explain
one such bay. A more recent analysis has refuted the solute drag model
on a thermodynamic basis (Bhadeshia (1981.4)). The incomplete reaction
phenomenon the authors observed was shown to be incompatible with a
diffusional mechanism of formation/since/after long holding at the
reaction temperature, a pearlite reaction was observed after the bainite
reaction.

//,__S&bséﬁuent work on this system, eg Bhadeshia and Edmonds (1980) and

P

Bhadeshia and Waugh (1981), has shown that two further characteristics
of the bainite transformation can be directly understood if a displacive
mechanism is involved. Bhadeshia (1979) has established an advanced
thermodynamic analyis of the austenite to bainite transformation. The
principle of this analysis is to define a To temperature where stress
~free austenite and ferrite of the same composition have equal free
energy. Any displacive transformation must therefore occur below this

temperature. Similarly, a no-substitutional temperature can be
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The morphology of upper bainite observed by Bhadeshia
and Edmonds (1979) in a C/Mn/Si steel

(A) Optical micrograph

(B) and (D) Electron micrographs indicating
the sheaf substructures of upper bainite

(C) Corresponding retained austenite dark field
image.
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established and the locus of these points is summarised in Fig.2.6 as a
function of temperature and carbon content. Using the dilatometric
data obtained for the upper and lower bainite reactions, the carbon
content «of the residual austenite could be calculated at the termination
of the bainite reaction and plotted with respect to the To and Ae3
curves. Reasonable agreement was achieved between the To curve and the
experimentally determined carbon contents, indicating that the
termination of the bainite reaction occurred when the residual austenite
composition approached the To curve.

"On this basis, the degree of transformation to bainite would
cléérly Bé'éehsitive to carbide precipitation reactions since they would
allow further transformation to bainitic ferrite as the composition of
the residual austenite would again be reduced below the To line.
Further if an inhomogenous distribution of carbon existed (as proposed
by Bhadeshia and Edmonds, (1979)% the degree of transformation would
exceed that calculated on the basis of the average carbon content of the
residual austenite. Direct evidence for the existence-of such an-
inhomogenous distribution of carbon has now been experimentally
determined (Bhadeshia and Waugh, (1981)), further characterising the
incomplete reaction phenomenon. A second implication of this latter
work was that a full supersaturation of carbon existed during the growth
of the bainitic ferrite.

Considering the weight of recent experimental evidence, coupled
with the advanced thermodynamic analysis of the bainite reaction
previously described, it seems reasonable that the characteristics of
the bainite reaction are best described by a displacive mechanism.

The transition from upper bainite to lower bainite,apd indeed the
lower bainite transformation itselﬁ,has also recently received much
attention. The usual morphological features associated with the lower

bainite transformation are plates of bainitic ferrite with internal
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carbides. In general, a single crystallographic orientation of
precipitates is observed such that their habit plane makes an angle of
60° with the major plate axis.

The significance of this carbide precipitation during the lower
bainite transformation has been investigated by Bhadeshia (1980.1). The
conclusions of that investigation can best be summarised as follows.

1). Cementite nucleates and grows from within supersaturated ferrite.

2). The observed cementite crystallography was inconsistent with the
proposed interphase precipitation mechanism; where it was thought that
Precipitation occurred at the bainitic ferrite/austenite interface
(Aé?onsoﬁﬁéf al 1978).

3). The same crystallographic observations suggested that the
characteristic single carbide variant was not directly related to the
lattice in&ariant shear occurring during the transformation (Srinivasan
and Wayman, 1968)

4). The most likely cause of the single carbide variant was thought to
be due to the total transformation strain ;ssociated witﬁ the formation

of the bainitic ferrite plate.

2.2.5 THE MARTENSITE REACTION

The martensite reaction in steels is a classic example of a
displacive transformation. The characteristics are therefore:-
1) No diffusion of atoms occurs.
2) There is a lattice correspondence between the parent and product
phases.
3) There is an invariant plane strain deformation associated with the
transformation.

Two morphologies are usually recognised (Kelly and Nutting, (1960))
in steels, determined essentially by the carbon content of the system

considered. Lath martensite (or low carbon martensite) generally forms
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in packets of parallel laths with a high dislocation density. The habit
planeusually ascribed to this martensite is (111) . Twin martensite
(or high carbon martensite) comprises of heavily twinned plates with a
(225)¢; +<or (259)y habit plane. A more detailed review of the
crystallography and observed habit planes in steels can be found

elsewhere eg. Bhadeshia (1979).

2.2.6. THE DECOMPOSITION OF AUSTENITE IN ALLOY STEELS

This section will review the literature concerning the role of
alloying elements on the various austenite decomposition reactions
deééribealbfeﬁiously. Particular emphasis will be placed on recent work
which has contributed directly to a better understanding of the overall

operative growth mechanism. This review can not therefore summarise the

extensive liferature regarding either the hardenability aspects of the
various alloying elements or the resultant structure/property
relationships, even though they have extremely important industrial
significance. The reaction  of greatest interest is again the
proeutectoid ferrite reaction, with the other four reactions being
considered only briefly.

Alloying elements in steels are generally referred to as either
austenite stabilisers, eg. Ni, Mn, or ferrite stabilisers eg. Cr, Mo,
depending on whether they expand or contract the austenite phase field.
A further distinction can be made between those elements which are
usually termed carbide formers/eg. Cr, and those which are not eg. Ni.
It is the study of this former group - the carbide forming elements -
which has provided further information regarding the growth mechanism of
proeutectoid ferrite.

A useful starting point is to consider the categories reported by
Honeycombe and Pickering (1972) in their review of the ferrite and

bainite reactions in alloy steels.
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1) Pearlite - type structures
2) Fibrous carbide-ferrite structures
3) Interphase precipitation

The first two categories have received relatively little attention
since the alloying levels required for both of these reactions are
generally high and the morphology of the lamellar product would seem to
preclude any useful industrial application. The subject has been
recently investigated by Ricks (1979) in Mo containing steels and
Parsons (1981) in medium carbon, V containing steels.

"It is the investigation gf the final category, interphase
precipitéfibn; which has provided new and detailed information regarding
the growth mechanism of proeutectoid ferrite. Initially the use of
niobium and vanadium in microalloyed steels provided an impetus for the
study of.the interphase precipitation reaction,but it has been now
observed in carbon free alloys, eg Ricks (1979). The extensive work in
this field by Honeycombe and co-workers has shown that this mechanism is
operating in many systems eg. WC (Davenport, Berry and Honeycombe,
(1968)) Mozc (Berry and Honeycombe (1970)).

In an extensive reviewJ Honeycombe (1976) summarised four
characteristics of interphase precipitation.
1) Sheets of precipitate form parallel to the interphase boundary and
are therefore sensitive to any change in direction of the boundary.
2) The.precipitate phase nucleates on the interphase boundary.
3) The ferrite/precipitate crystallography is generally that encountered
in tempered martensite.
4). Typically only one variant of the orientation relationship is
observed in a single ferrite grain.

The precipitate sheet spécing and precipitate size was observed to
be a sensitive function of transformation temperature (eg. Batte and

Honeycombe (1973)).
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Campbell and Honeycombe (1974) provided definitive evidence for
interphase precipitation in chromium steels, occuring in association with
a ledge mechanism. Schematically, as shown in Fig.2.7, precipitation
was shown to occur on the planar interphase boundary, with the ledge
itself remaining free from precipitation. As previously discussed in
section 2.2.1 this implies that a partially coherent interface exists
between the austenite and ferrite and under these circumstances
precipitation would be expected on the high energy ledge itself.
However, this has been rationalised since the ledges are too mobile for
nucleation to occur on these sites. This mechanism has now been
observed in other systems, as shown in Fig.2.8 where Ricks (1979) has
noted precipitation of MoZC behind a stepped interphase boundary in Mo
containing steels.

These observations have provided perhaps the most vivid evidence
for the operation of a ledge mechanism between austenite and ferrite in
the growth of proeutectoid ferrite.

Though the above reaction mechanism (generally termed coherent
precipitation) has now been widély observed, at least two other
mechanisms have been observed to account for arrays of discrete
precipitates in ferrite. Heikkinen(1973) and recently Howell and Ricks
(1981) have described the operation of a bowing mechanism where/hﬁtiallx
the interphase boundary is pinned by precipitates. Depletion ahead of
the interface allows it to 'bulge' between the precipitates, bypassing
them, and finally being pinned again when the interface became planar.

On this basis, there is clearly a limiting sheet spacing below which it
is unlikely that this mechanism can operate, and in the case of vanadium
containing steels,Ricks (1979) concludes that the observed spacing is
too small for the operation of this mechanism.

Observations by Dunlop et al (1978) of interphase precipitation of

V¢ in the ferritic component of pearlite have led Parsons (1981) to
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propose an incoherent step mechanism to explain the formation of this
product. This incoherent step mechanism has also been employed by Ricks
(1979) to explain observations of curved precipitate rows in iron-copper

alloys. -

2.3 EXPERIMENTAL OBSERVATION OF FERRITE MORPHOLOGIES IN H.S.L.A. STEEL

WELD METALS

The ferrite morphologies described in this section were those
observed in a quenched weld (M.M.A. 4) deposited using a Philips 568
basi¢ low hydrogen electrode. Examination by optical microscopy at
various éfégeé of transformation indicated that all the morphologies
reported in the Dube classification scheme were present. The columnar
austenite grain structure is evident in all the microstructures
considered. )

Fig.2.9 illustrates the ﬁorphology of ferrite grain boundary
allotriomorphs. Typically, saturation of austenite boundary sites
occurs rapidly in these materials, resulting in impingement between
adjacent nucleation sites. In some cases, allotriomorphic ferrite
develops as a continuous.film along the austenite boundaries,as shown in
Fig.2.10. 1In very few cases, intragranular idiomorphs were observed, as
shown in Figs.2.11 and 2.12. In the former case, the ferrite idiomorph
appears approximately rectangular in section and closely resembles those
reported by Aaronson (1962) in the original classification scheme. A
further point to note in this case is that they appear ¢o be associated
with inclusions. The idiomorph illustrated in Fig.2.12 appears
faceted.

At low temperatures ( and consequently in the case of continuous
cooling, higher degrees of transformation), faceted morphologies were
more frequently observed. This is indicated in Fig.2.13)where primary

ferrite sawteeth are illustrated. More frequently however, secondary
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Fig.2.9 Typical appearance of Fig.2.10 Ferrite allotriomph
a grain boundary allotriomorph. formed as a continuous film
) at a grain boundary.
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Fig.2.11 Rectangular intragranular

Fig.2.12 Faceted intragranular
idiomorph. idiomorph.
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Fig.2.17
intragranular regions of weld MMA 4.

Example of the larger ferrite plates observed in the
Such plates would generally

be termed acicular ferrite in the fully transformed microstructure of

the final weld deposit.
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ferrite allotriomorph.

between the austenite and ferrite.

Typical S.T.EvM./E.D.X. trace across a grain boundary
No partitioning of manganese is observed

(In this case the austenite has transformed to bainite during the

quenching treatment).



ferrite sawteeth were observed developing from pre-existing grain
boundary allotriomorphs,as shown in Fig.2.14. Extremely few examples of
primary Widmanstaten ferrite sideplates were observed due to the
preceding high temperature reactions. However, by serial sectioning,
primary plates could be located, as illustrated in Fig.2.15. A further
example, including secondary sideplates (Fig.2.16)}indicates that in many
cases the.plates develop preferentially into only one grain. The most
predominant microstructural consitutuent in this weld deposit is shown
in Fig.2.17, which illustrates the development of what morphologically
would be termed secondary Widmanstatten sideplates and intragranular
Widﬁanstéffén'plates.

Since the weld system considered above contains a significant level
of manganese, it is instructive to examine the possibility that
partitioning occurs during the early stages of the ferrite reaction.
Aaronson and Domain (1966) have reported partitioning of manganese
during the high temperature ferrite reaction in a similar alloy system.
Fig.2.18 shows a S.T.E.M./E.D.X. trace across a typical grain boundary
allotriomorph extending into the austenite (now bainite) on either side.
No partitioning of manganese is observed between the ferrite and

austenite at the cooling rate considered.
2.4 SUMMARY

This chapter has reviewed the 1literature concerning the
decomposition of austenite i; ferrous materials. Particular emphasis
has been placed on assessing the recent literature regarding the
Widmanstatten ferrite and upper bainite reactions. It is apparent that
in this area, there is still fundamental controversy regarding the

operative growth mechanism.
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With regard to the proeutectoid ferrite reaction, the experimental
work described in this chapter has shown that the morphological variants
réported in the Dubé classification scheme have been accurately
reproduced in the H.S.L.A. steel weld examined. However, it must be
pointed out that with respect to the Widmanstatten morphology, a more
stringent definition is now envisaged [Bhadeshia (1981.1)], a point
which will be discussed further in Chapter 5.

On the basis of the limited EDX analysis results presented, it
seems likely that at the cooling rates considered in this investigation,
(ie.” the relatively short period of time at high temperatures),

substitutional partitioning is unlikely to occur.



28

CHAPTER 3

i EXPERIMENTAL PROCEDURE

3.1. INTRODUCTION

In this chapter the experimental procedure and the various welding
techniques used in this investigation will be described. Typical
macrostructures of the welds together with their chemical analysis will be
g§ven..'Detailed information regarding individual fluxes or welding rods will
not békinclﬁ&éa);s this can be found in standard manufacturers guides. The
only welding technique which will be described in depth is that of Tungsten—
Inert-Gas (T.I.G.) remelting, as the terminology and welding procedures for
the other techniques (e.g. submerged arc welding) are well established. All
the welding carried out in this investigation was performed at the Welding
Institute.

3.2 WELDING TECHNIQUES AND PROCEDURES

3.2.1. PLATE (BASE) MATERIAL

The base steels used throughout this investigation are summarised in
Table 3~1}together with their chemical analysis. In general, the submerged
arc and electron beam welding described in the following investigations was
carried out on plate B (25mm), and manual metal arc welding was carried out
on plate C (12.5mm). Plate A and Plates D to G were only used for'specific
investigations i.e. Plate A for the study of preheat, and Plates D to G for
the investigation into plate deoxidation practice, both described in Chapter

8.



Table 3.1:. COMPOSITIONS OF BASE STEELS

PLATE ELEMENT WEIGHT % N2 | 02
CODE  |DESCRIPTION C S P Si| Mn] Ni [Cr| M| V Cul Nb | Ti Al | PPM| PPM
C-Mn-Nb
A Al TREATED(0.16 |0.022 10.018{0.42 |1.43 |0.06 0.07 | 0.01| 0.01/0.06 0.038 0.010.02 | 79 | 51
Si KILLED
C-Mn
B Al TREATED(0.14 10.006]0.008(0.24 | 1.24 | 0.01]0.01 | 0.01| 0.01 0.01{0.005' 0.01(0.04 | 52 | 30
Si KILLED
C-Mn
C Al TREATED 0.150.025 [0.011|0.32 [1.02 | 0.02 [ 0.04] 0.01 | 0.01] 0.02 0.005 0.01]0.048/ 66 | 30
Si KILLED
C-Mn-Nb
D Fimming 0.17{0.018 |0.016| 0.01 |1.37 [ 0.03 [ 0.06] 0.02 | 0.01] 0.14 0.031(0.003 [0.007| 23 |.162
C-Mn-Nb
E Si KILLED |0.15 (0.014 [0.019] 0.38(1.21 |0.09 |0.10| 0.05 0.01] 0.22]0.0290.005| 0.003 50 | 132
C-Mn-Nb
F Si KILLED {0.19 {0.023[0.036{0.37 |1.43|0.08 |0.10 | 0.02 0.01| 0.18 | 0.0390.007 [ 0.052| 50 |30
/\ITR%TED
1 1
C-Mn-Nb
G Si KILLED |0.160.017 [0.012 {0.40 |1.30 | 0.03 |0.02 | 0.01 | 0.01 0.01 |0.038/0.004{0.09 | 53 |32
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Fig.3.1 Typical microstructure of the base steels considered in this

investigation (Plate B). A banded ferrite/pearlite constituent
predominates. Several manganese sulphide stringer inclusions
are also present eg at A and B.
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A typical microstructure of these plates is shown in Fig. 3.1, which
shows a banded ferrite/pearlite constituent and the presence of several
manganese sulphide stringer inclusions. The compositions of these steels
falls into two groups: C-Mn and C-Mn-Nb, and are typical of the compositions
encountered in commercial line pipe and shipbuilding steels.

3.2.2. SUBMERGED ARC WELDING

(a) Two pass welds

Tandem submerged arc welding (DC + ve/AC) was carried out on 25mm plate.
The joint preparation used is shown in Fig. 3.2.. Each panel was 40cm in
widf:h and 50 cm in length, ensuring that thermal saturation of the weld
deposit- did not occur. The standard welding conditions used for the two pass
welds are summarised in Table 3.2.

The two principal fluxes which were of interest in this investigation
‘( oPITT and BOC 80R ) gave distinctive bead profiles to the weld deposits,

which are shown in Figs. 3.3 (a) and (b). Both deposits resulted in  55%

dilution with the parent plate. The composition of the four welds deposited

in this manner (Welds SA, 1,2, 4 and 5) are given in Table 3:3.

(b)Single pass (bead in groove) welds

For comparative studies, such as the investigation into the effect of
manganese in submerged arc weld metal, single pass (ie bead in groove) welds
were prepared. This procedure gave closer control over the overall dilution,
and the joint preparation employed is shown in Fig. 3.4.

The welding conditions used for the tandem submerged arc welding (DC +
ve/AC) were identical to those used for the 2nd pass of the two pass welds
described above and are given in Table 3.2. The chemical composition of
these welds are also given in Table 3.2. A typical macrostructure of the

bead-in-groove welds is shown in Fig. 3.5.



SIDE B

25mm

SIDE A

Fig.3.2 Joint preparation for two pass submerged arc welding

( a) o ﬁ1ﬂﬁ

Fig.3.3 (a) and (b)
Macrostructure of submerged arc welds deposited using OP12ITT. (a)
and BOC 80R (b) fluxes respectively.




Table 3.2

Welding conditions for two pass submerged arc deposits.

PROCESS TANDEM  SUBMERGED ARC DC+ ve/ AC
25mm INTER ELECTRODE SPACING : 30mm
ELECTRODE EXTENSION : 40° TRAIL
VOLTAGE 1stPASS 30 40 V 2nd PASS 30 40 V
CURRENT  [1stPASS 750 800 A 2nd PASS 950 840 A
TRAVEL SPEED[1st PASS 800mm/min 2nd PASS 760 mm / min
HEAT INPUT [1st PASS 41 kJ/mm 2nd PASS 49 kJ/mm
WIRE 4 mm DIAMETER COPPER COATED
PREHEAT ~20°C
INTERPASS ~20 C
OERLIKON OP121TT DRIED AT 300°C
SILR FOR 30 mins. STORED AT 150° C
BOC B80R STORED AT 150CFOR 1hr

Table 3.3 Composition of submerged arc weld deposits.

ELEMENT ~ WEIGHT % 0
S. A. | DESCRIPTION 2| N
CODE C S PISiJ M N Jcr [m v [cu|n|Ti|[a [ppm]|ppm
1 [S3/Mo/80 12 |.007[.007 .40 [1.26 |.04 | .03 |.24 f.01 [.07 k.oos[.003 |.018 | 675 | s
2 12 |.008).007 [.41 [1.26 |.03 |.03 |.21 J.o1 [.07 [005 <003 |.010 623 | 69
3 A1 | -005).006 [.28 f1.28 | .02 [.02 | .20 k.01 [.07 |<005|<.003| .018] 656 | 65
4 |S3/Mo/121 14 007 |.010 .30 ) 1.30 |.04 | .04 |.25 [.01 [.08.F.005|.003].005 | 246 | 68
5 13 1.005] .610 (. 28[{1.28 [.04 | .04 [ .25 |.o1 |.08 |. 005 [<.003].021 [ 239 [ 70
6 12 1.005] .007| .24 1.30 .03 [.03 [.22 .01 | .08 |05 |< 003 .021] 238 [ 100
7 |S1/Mor121 212 1.006 | .009{.17 [1.04 |.03 [.03 |.18 <01 | .13 k.005 |<003 | .026 [ 291 |50
8 |S1/Mo/80 J2 |.011].008].24 [1.05 .03 [.03 |.17 [~01 |.11 |%005 |<.003].020 [482 [100
9 [S4/Mo/121 14 [.006 |.011|.26 [1.50 |.03 [.03 |.15 J.01 |.07 |<.005[<003 | .026|205 |60
10 [s4/mo/80 .13 .10 |.010 .33 143 |.03 |03 | 15 <01 [.06 [005]<.003] .019]359 |62
11 [s1/121 ~10 |.0081.009 | .15 .91 | .01 | .02 [«.01 [«01 |.04 [%005 [<003] .020] 312 [40
12 |s1/80 11 .011].009 | .28 .89 |.02 | .02 £.01 [€.01 | .04 |<005]-.003] .01¢ 629 [113
13 |s4/121 13 | ou|.03]8 | 143 02 |03 [son Jeor | .13 Jeo0s oo |.ots |27 |a
4 |sa/80 12 [.013 [Lo12 |.29 [1.49 | .02 |-03 [«<01 |01 | .12 [.005 [<003 |.016] 528 |55
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Fig.3.4 Joint preparation for one pass submerged arc welding.

Fig.3.5 Macrostructure of one pass submerged arc weld deposits.
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(c)Tungsten—inert-gas (T.I.G.) remelting and quenching of submerged arc

welds

The procedure of T.I.G. remelting and quenching of submerged arc weid
deposits was employed in this study as a means of following microstructural
development in submerged arc welds. Previous work at the Welding Institute
on direct quenching of submerged arc deposits had proved unsuccessful, due to
the experimental difficulties involved. Subsequently, however, this has been
achieved in this investigation and is described in the next section.

The complex nature of T.I.G. reﬁelting and quenching requires that the
experimental procedure be described in depth.

Two submerged arc welds are considered in this study - SA 2 and SA 5-
which were standard two pass submerged arc welds as described in section (a).
From each submerged arc weld two reduced plates were machined from the second
pass as shown in Fig. 3.6. A support arm was welded onto the side of reduced
panel A, which also served to support the standard thermocouple arrangement
used to measure the weld cooling rate.

T.I.G. remelting was carried out along the centre of the original
submerged arc weld as described in Fig. 3.7. The deposit and the
thermocouple rig were quenched into iced brine as soon as the temperature
reached 500°C. The welding conditions used for the remelting are given in
Table 3.4 and the macrostructure of the deposit is shown in Fig. 3.8.

Two T.I.G. remelted panels were prepared in this manner from each of Fhe
two original submerged arc deposits - one for microstructural examination and
the other for chemical analysis. In the latter case, the composition of the
original submerged arc weld was analysed by spark emission at three separate
positions along the length of the weld. After remelting, the surface was

reground and again,spark emission analysis carried out in the same three



150 mm

Fig.3.6 Machining diagram for T.I.G. preparation.
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SUPPORT
ARM
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ORIGINAL SUBMERGED
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Fig.3.7 Schematic diagram showing T.I.G. remelting.

Fig.3.8 Macrostructure of T.I.G. remelted submerged arc weld deposit.

L mm



4
]

pis

J_,
.%;
_,




Table 3.4

Table 3.5

Welding conditions for T.I.G. remetling of submerged
arc deposits.
SHIELDING  GAS He - 10 L /mn.
WORKING DISTANCE 2mm
TORCH ANGLE 70°
TRAVEL SPEED 72 mm/min
CONDITIONS 350 A, 17 V
HEAT INPUT 0:5 J/mm
Composition of weld deposits (SA 2,5) before and after
T.I.G. remelting
T.1.G. ELEMENT WEIGHT % 0, [ n
WELDS Jc | s|pfsifml[ni e [mfv [co[mw[n[a/]om]omn
SA 5 12 |.007 | .008] .21 [1.29].03 |.03 [.21 [e.01] .07 [<005 |c.003].002 [205 |73
2.2 [oo7 |.oo8|.23 |u3ifo3 Loz |2t Jeon |07 Jeoos leoos | on
BEFORE|3[.13 |.o08 [.owo [.23 |13 [.¢ [.03 |.22 |e.on .08 [eoos [ooa [ong | 205 |8
AVERAGE|-12 -22[1-31 -21 30077
SA 2 Mtz [owlow |5 |13 s L3 {19 [sor [or Jeoos [son3 Loz [ e 5
2 n Joos|ow |3 D los |os |.op |<00 |07 foos Jeoos [oue .
BEFORE|3 [ [om [oor .35 |31 |.o3 |.o3 |.19 [eon .07 |4005 |%003 |.011 g
AVERAGE |- 35/1-31 -19 903172
SA 5 1.0 |.007f.009 .23 [1.24 |.03 [.03 [.22 [econ [Lo7 |“005 |<003].0 | 109 01
2.1 oo |owo |.25 {127 |.oa [.03 |.23 [or |.07 ['oos |<003 | 01
AFTER [3] .12 |.oos |.oyo [.2¢ [1.22 [.0a |.03 [.22 [eor |.07 [005 [*003 |07 [100 [80
AVERAGE [-11 24124 22 105] 72
SA 2 1] .08 00007 .3 {116 .03 {.03 | .20 [<on | .06 [005 [<003 |.015 219 | o1
2|.08 |.009 |07 |3 [12e |.o2 [.o3 [.10 |01 | o6 [“005 [003 |.012
AFTER [3.08 |.ow |.008] .3 |1.2a].03 [.o3 |39 [Sov | .06 [co05 [fo03 [Long |'** |®*
AVERAGE|-08 -34[123 19 209|64




31

positions. Oxygen and nitrogen values were obtained from the original

submerged arc deposit and the T.I.G. remelted region in the usual manner.

The results of this analysis are given in Table 3.5.

(d) Quenching of submerged arc welds

The experimental procedure adopted in this work is shown schematically
in Fig. 3.9. Welding was carried out at a heat input of 1.5r7/mm on clean
base plate C. ;I'he plate geometry and welding conditions are given in Table
3.6 By removing the weldment as the current was switched off, it was
possible to release the welding wire by pulling it through the weld crater.
Tpe wel;imen;, including the remaining flux, was then quenched into iced
brine; The.rl;lal. analysis using this experimental approach proved extremely
difficult but the quenching time was estimated to be 4 seconds between
1200°C and 300°C. The actual cooling rate was similar toa weld witha 3 kTl heak wnpuk

An SD3 Mo welding wire and two commerical fluxes (BOC 80R, OP121TT)
were employed. The resulting chemical compositions of the weld deposits are
given in Table 3.7, which also includes the analysis of the welding wire.

(e) Mechanical properties of submerged arc weld deposits

All the mechanical testing reported in this investigation were
carried out at the Welding Institute. Charpy impact and standard Hounsfield
tensile specimens were machined from the second pass of as deposited welds, as
shown in Fig. 3.10. Tensile testing was carried out at room temperature and
Charpy impact values determined in the range -80°C to +SOOC. It was beyond
the scope of the current investigation to cousider a cﬁmplete study of the
mechanical properties of weld metals involving C.0.D. testing and fracture
analysis. In this study,Charpy impact properties were used only as a

comparative guide to the overall fracture behaviour of a given weld deposit.



Fig.3.9

Table 3.6

Table 3.7

Schematic diagram showing the experimental procedure

WIRE ———
GUIDES TO
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DIRECTION GF

WELDING

adopted for quenching submerged arc welds.

Welding conditions for quenched submerged arc weld
deposits.

BEAD ON PLATE

10 = 180 = 100 mm

CONDITIONS 30v, 450 a
TRAVEL SPEED 540 mm/ min
HEAT INPUT 15 &I/ mm
FLUX BOC 30R , OP121TT

Chemical composition for quenched submerged
arc welds.

ELEMENT  WEIGHT %

0, [N
WELD TS5 Tr TsiTmln o TV T T 2
SAQ 110 [.026 |.017) .43 | 1.22| .06 |.06 |.22 [<.00 [.11 [<.005[c.003[.017 [ 720 [¢s
SAO 2 .12 |.012].017 | .33 | 1.14| .07 .07 [.22 [c.01 .12 |.005 [ .005]. 028 285 | 71




Fig.3.10

Fig.3.11

Machining diagram for mechanical property

specimens .
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(f) Thermal analysis of weld deposits

Two methods of measuring the weld thermal cycle were employed in this
study.

A W/W—§6Z Re harpoon thermocouple was used to give details of the high
temperature (1500°C to 1000°C) region of the weld thermocycle. The resulting
cycles for welds deposited at 1.5, 3.0 and 6.0 kJ/mm are shown in Fig. 3.11.

In general, information regarding the weld thermal cycle was obtained
using a Pt/Pt -13% Rh harpoon thermoéouple,which also gave a derivative trace
of temperature with respect to time. Using this'methodlthe low temperature
(below31000°C)uregion of the weld thermal cycle could be studied and an
estimation of the transformation start and finish obtained.

The thermal cycles obtained using these methods under similar conditions
(i.e. heat input, plate thickness, etc) showed excellent agreement between
the cooling curves obtained as shown in Fig. 3.12.

(g) Specimen preparation from submerged arc weld deposits

Specimens 3 mm diameter by 15 mm in length for isothermal and continuous
cooling treatments were machined from submerged arc weld deposits (SAl and SA
4) as shown in Fig. 3.13). For austenite grain size determinationsl3mm
square rods were machined from the same areas, one face being subsequently

prepared as a 0.25 pm finish.

3.2.3. MANUAL METAL ARC WELDING

In this investigatioq/two types of manual metal arc electrode have been
investigated. Using the designation adopted by the American Welding Society,
they are referred to as E7016 and E7018 type. Both are basic low hydrogen
electrodes, extensively used in the shipbuilding, construction and piping

industries and represent the so—called high technology field for welding

thick plate (40-100 mm). The essential difference in electrode type is that
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the E7018 electrodes contain Fe powder additions to the coating, producing
high deposition rates and metal recoveries of the order of 130-150%.

The aim of the investigation was to understand the factors affecting the
development‘of microstructure in these two electrode types in as —deposited
weld metal. In order to achieve this aim, a technique of partial
transformation was employed, so that the sequence of microstructural
development could be followed.

Bead-on-plate welds were prepared by depositing the manual metal arc
electro@e along the centre of clean steel plate; Details of the welding
conditioﬁs gnd,plate geometry are given in Table 3.8 The welded plate was
either air cboled or ice-brine quenched immediately after the welding process
was completed. The electrode designation and final composition of the weld

deposits is given in Table 3.9.

3.2.4. ELECTRON BEAM WELDING -

Electron beam welding was carried out in a vacuun of = 10-4 torr. The
welding conditions are summarised in Table 3.10 and a typical macrostructure
of the welds is given in Fig. 3.14. Previous experience at the Welding
Institute has shown that little compositional changes occur during vacuum
welding of this kind and the resulting oxygen level would be of the order of
40 ppm. The composition of the welds will reflect those of the base material
(Plate B).

The narrow width of this type of weld requires that,for comparison
purposes,Charpy impact specimens must be surface notched.

3.2.5. ELECTRO-SLAG WELDING

The electro-slag weld referred to in this study (E.S.1) was provided by
the Welding Institute. It had been welded using an S3 wire (= 1.5% Mn) at a

heat input of 57 KJ¥/mm under a basic flux. It thus represents a typical



‘Table 3.8 Welding conditions for manual metal arc welds.
BEAD ON PLATE 10 mm
CONDITIONS 23v 215 a
TRAVEL SPEED 170 mm/ min
HEAT INPUT 175 T/ mm
ELECTRODES E 7018-7016

Table 3.9 Chemical composition of manual metal arc deposits.

CODE | DESCRIPTION ELEMENT WEIGHT % 07 N.2
MMA | OF ELECTRODE C S P Si | Mn| Ni | Cr | Mo |V Cu[Nb |Ti Al | ppm | ppm
1 |Tensitrode 55 08 |.015 |.015|.38 [1.40(.03 | .03 .01 |.02 [ .02 .005(.011 (.006( 244 | 92
2 |Tensitrode 48.30(.08 |.010 |.009/.43 [1.05 [.02 .031.01 |.02 | .02 |.005 [.018 [.009 | 271 |76
3 |Tensitrode 55 .09 1012 [.009 |.51 |1.42].03 |.04 |.o1 |.01 |.02 [.005 .010 |.015 (208 |70
4 Phillips 56 S -10 ].008 1.010 .29 [1.13].03 [.03 |.00 |.o1 |.03 |.005 .022 ].008 |270 | 100
5 |Ferrex 7018 LT .09 ].014 J.o11 [.42 J1.23[.03 |.03 |.o1 |.01 [.04 |.005 | 008 .010 {405 | 80
6 [Hytrode 7016 -10 ].010 f.013 [.31 |L13}.03 [.03 |.o1 |.01 |.03 J.0oo5 Jo19 [o11 |307 72
7 |EXP. 7018 E1 .09 [.013 [.013].50 ]0.92].02 [.05 |.01 [.01 [.03 [.005 .015 [.012 | 381 | 109
8 [EXP. 7018 E3 .09 |.011 }.013 .48 (119 ).02 |.o4 [.o1 [.01 |.02 |.005 [.014 |.009 37 | 114
9 |EXP. 7018 E5 .09 {.011 f.013].52 |1.45].02 |.05 |.00 |.o1 | .03 (.005 |.008 |.009 312 | &
10 E 70161 .09 1.009 [.013[.26 [1.35].02 [.03 |.01 |.o1 | .03 [.005 [.016 [.om 339 | &
11 E 7016 2 .10 |.010 .012» .724 1.441.02 |.04 |.01 .01 ] .04/.005 [.017 [.010[310 | 113
12 |E 7016 3 .010 [.010 [.013 |.24° ]1.61].03 [.03 |.01 | .01 |.03 |.005 |.014 |.011 |303 74
13 |70161 D 12 |01 ].015).18 [1.33].05 [.04 ].02 |.01 |.09 ].009 |.017 k.00 [266 49
14 (70161 E .12 ]1.009 |.018).33 J1.38).07 |.o7 |.03 [.01 |.14 |.015].017 k.005]229 |10z
15 70161 F 11 ].012 ].024]1.31 [1.48] .05 |.06 | .02 |.07 | .11 |.02| .m8].012 305 12
16 |70161 G 13 [.012 |.013( .37 |1.43].03 |.02 |.01 | .01 | .02 | .017] .02 024 [ 328 | =2




Table 3.10

Welding conditions for selected electron beam welds.

WELD VOLTAGE CURRENT| TRAVEL PLATE

CODE SPEED THICKNESS
Kv mA mm/min mm

EB 1 140 32 600 20

EB 2 140 22 600 15

EB 3 140 12 600 10

EB 4 140 20 600 10

Fig. 3.14

Macrostructure of electron beam weld on 15mm base plate.
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electro—slag deposit with good toughness.

3.3 EXPERIMENTAL TECHNIQUES

3.3.1. PREPARATION OF MODEL ALLOYS

In the following chapters, the role of small if not trace amounts of
second phase particles, are shown to have a pronounced effect on the
development of ferritic microstructure. Hence, to clarify the role of the
main alloyiﬁg elements present, it was vital to use high purity base
materials. The steels prepared in this investigation for dilatometric
analysis were based on 20 pass zone refined iron with a purity of 99.99997.
The purity of the alloying elements (C, Mn, Si, Mo) was guaranteed better
| tﬁan 99.9952hiﬁ éll cases.

65 gm melts were prepared in an Edwards Argon Arc Furnace at a vacuum of
10-3 torr under a partial pressure of argon. This resulted in an oxygen
level in the final ingot of 10ppm and a corresponding nitrogen level of
4ppm. The ingots were homogenised at 1250°C for 3 days in a sealed quartz
tube under a partial pressure of argon. Spark analysis was carried out on
each of the ingots and the nominal and actual compositions are given in Table
3.11. The ingots were then hot rolled and swaged to 5mm diameter rod.
Specimens for dilatometry were machined from this diameter to completely
ensure that no decarborised or oxidised material was sampled.

In order to facilitate an extensive isothermal study, a model steel
(designated J) of similar composition to the weld metals investigated was
prepared in an Edwards argon arc furnace. This was prepared from
electrolytic iron and resulted in the following composition:—

0.13% €, 0.35%Si, 1.19%Mn, 0.25%Mo

with a final oxygen level of 250 ppm and nitrogen level of 20 ppm.



Table 3.11 Chemical composition of high purity steels A-D.
All other elements were below the 1limit of detectionm.

A ELEMENT WEIGHT %
cL> NOMINAL ACTUAL
Y C Si Mn Mo C Si Mn Mo
A | 012 0-35 | 0-6 0-25 (| 0009 | 0-35| 0-59 | 0-25
B " " 141 " 014 | 0-36( 1110 [ 0-27
c L " 1-6 L 0-09| 0-37| 157 | 0-27
D . L 2-1 L 014 | 0-37 | 201 | 0-28
12001
g R 3
a K Ay
(= .
800+ R y
15°0S
4007
I S N
NON LINEAR - WELD  LINEAR
COOLING ~ CGOLING (COOLING
RATES RATES  RATES
0 10 1000 TIME(S)
Fig.3.15 Summary of selected cooling cycles employed for the dilatometric

analysis. 249C/S represents the maximum codling rate at which
linear cooling rates could be maintained wn &he dilatomeker,
For comparisen purposés  dashed lines correspond to weld cooling
rates in the range 1.5 to 6.0 kT/mm of heat input,
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3.3.2. DILATOMETRY

All dilatometry was performed on a fheta Industries high speed
dilatometer. Two specimen sizes were used, depending on the cooling rate
required. For rapid cooling,eg all isothermal studies and continuous cooling
rates:>7°C/seg,a hollow cylinder was used (1.5 mm in bore, 3mm in diameter
and 15 mm in length). At slower cooling rates solid cylinders could be used
(3 mm in diameter and 15 mm in length). To ensure no decarborisation
occurred, all specimens were nickel‘plated,using standard plating solutions.
Each specimen was used for only one test.

The: essential details of the design and operation of the dilakometer
have been described by Ricks (1979). This procedure was used for the
isothermal investigations. Similarly, the methods and procedure for
determining the Ac¢, + Ac, temperatures have been described by Lenel (1980).

For continuous cooling treatments a DATA TRAK PROGRAMME was used to
follow a preplotted cooling curve on a rotating drum. This system allowed
linear cooling rates from the austenitising temperature to be maintained
without the use of the helium quenchant at cooling rates slower than 7°C/S.
At cooling rates between 7°C/S and 24°C/S) gas quenchant was needed to
maintain linear cooling rates. At faster rates than this, linear cooling
could not be maintained, and direct quenching with helium at various flow
rates was adopted. These cooling rétes are summarised in Fig.3.15.

The thermal analysis carried out in the previous section (3.2) had
established cooling curves for various heat inputs of submerged arc welds.
These curves were re-plotted on the DATA TRAK PROGRAMME and)following a given
austenitising treatment it was possible to follow Precusc% the weld cooling

cycle, again using the helium quenching at a low flow rate.
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It is thus possible to define four types of cooling cycle:
(i) LINEAR COOLING

(ii) ACCELERATED LINEAR COOLING

(iii) PROGRAMMED COOLING (e.g. weld cooling cycles)

(iv) GAS QUENCHING

For cooling cycles (i) and (ii),the start and finish temperatures can be
readily measured by an offset technique. In order to estimate the
transformation start and finish temperature in cases (iii) and (ivz the
dilation must be plotted directly against température before the appropriate
_ tempg:;turesugag be measured.

No standard method of presenting C.C.T. data has been developed in the
literature and,in this ﬁork,it was decided arbitrarily to record 5%, 50% and
95% transformation. These quantities could be assessed readily in the
optical microscope which was used in subsequent investigations.

3.3.3. ISOTHERMAL HEAT TREATMENT PROCEDURES

Isothermal heat treatments of 3mm diameter rods were carried out in a
molten tin bath following an austenitising treatment of 1250°C for 10
minutes. For these short austenitising treatments the specimens were
protected with Bercatect (a commercial ceramic compound) in an argon
atmosphere, to ensure no significant decarborisation occurred. Isothermal
treatments were interrupted by iced brine quenching in order that the
development of microstructure could be followed.

3.3.4. MICROSTRUCTURAL EXAMINATION

(a) Optical metallography
Optical specimens were etched in 2% nital and photographed on either a
Zeiss Universal Microscope using Ilford FP4 35 mm film or a Neophot

microscope using cut Ilford orthofilm.
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(b) Transmission electron microscopy
(1) CARBON EXTRACTION REPLICA PREPARATION

Direct carbon extraction replicas were prepared from lightly etched
sections of the welds. The areas not under investigation were covered with
lacomit, to ensure that inclusions did not float onto the replica from other
parts of the specimen, Replicas were removed In 5 % atal,

(2) THIN FOIL PREPARATION

Thin foil specimens were prepared for T.E.M. from 0.25 mm thick discs
slit from the welds or heat—treated rods under'conditions of flood
lubrication. The discs were subsequently ground to O.lmm thickness and
éhinnéd in 'a twin jet electropolishing unit using a 5% perchloric/95% acetic
acid electrolyte at room temperature.and 90V. In general, preferential
chemical attack occurred at the inclusion/ferrite interface and no ideal
polishing conditions could be defined.

Carbon extraction replicas and thin foil specimens were examined in
either a Philipé EM 400 or EM 300 electron microscope operating at 120 Kv
and 100 Xv respectively. A

3.3.5 OTHER TECHNIQUES

(a) Determination of austenite grain size

The austenite grain size of as—-deposited weld metals was determined by a
linear intercept method. Tracingé were carried out directly from a ground
glass screen of a Neophot miscroscope at a nominal magnification of x 200, to
record the bands of proeutectoid ferrite which usually delineates these
boundaries. The tracings were subsequently analysed using a Quantimet 720
image analysing computer. The method of tﬁermal etching was used to

determine austenite grain size for specimens subject to heat treatment. This

involved preparation of one face of a 3mm square rod to a good 0.25pm finish,
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sealing the specimen in a silica tube under a partial pressure of argon prior
to the selected heat treatment. In most cases, as shown in Fig.3.16, this
allowed direct assessment of grain size on the Quantimet 720 image analyser.

For the dilatometric investigation, thermal etching could not be
employed since the attainable vacuum in the specimen area was inadequate,
resulting in slight oxidation of the polished surface. This problem was
circumvented by adopting a heat-treatment cycle wﬂich coated the austenite
boundaries with a layer of proeutectoid ferrite. For isothermal heat
treatment cycles, this was conveniently achieved by an intermediate hold at
725‘h-for thirty seconds, followed by a helium’quench. For continuous cooling

ucyclés, interrupting the cooling when 20% transformation had occurred
produced a similar effect as shown in Fig.3.17. Grain size was again
measured by tracing and the Quantimet 720 analyzer.

In all cases,the actual magnification used was calibrated using a ruled
grating at the time of measuring.

(b) Measurement of inclusion size distribution

Widgery (1974) concluded that the most appropriate method available to
size weld metal inclusions was that proposed by Ashby and Ebeling (1966).
The basic assumption of this method is that all inclusions which touch the
plane of polish are extracted onto a carbon extraction replica. This leads

directly to two important resultéjwhich can be summarised as follows:—

N, (x) = 1 N () (1
X
Vv = 2 Aa (2)
3
where N, (x) = Number of inclusions of diameter X, per unit volume

X = Diameter of inclusions
N, (x) = Number of inclusions of diameter x per unit area
Vv = Volume fraction of inclusions



Fig.3.16 Thermally etched austenite grain boundaries in weld SA.1.,
following heat treatment at 1210°C for 1 hour.

Fig.3.17 Microstructure produced following continuous cooling at
3°C/second, interrrupted by helium quenching. Proeutectoid ferrite
has formed at prior austenite grain boundaries with the residual
austenite transforming to vpper bainite. (Alloy D, heat treatment
of 1220°C for 10 minutes).
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Aa = Apparent area fraction of inclusions
on a carbon extraction replica.

In this study,40 fields of view were photographed at a nominal
magnificati&n of 4000 x for each of two weld deposits (welds SAL and SA4).
Tracings were made of the inclusions from enlarged prints and the size
distribution and apparent area fraction measured directly using a Quantimet
720 image analyser. The actual magnification was calibrated using a ruled
grating at the time of measuring.

This method also allowed direct derivation of two nearest—neighbour
distance;; denoted by A, éndl>3, which are defined as the average distance
between nearést-neighbour pairs of point particles in a plane and in a volume
respectively. Underwood (1970) has detailed the derivation of these values
which results in the following equations.

A,
A, = 0.500 Na-1/2

0.554 Nv-1/3

(c) Quantitative stereology

A Quantimet 720 image analyser fitted with a 2D auto detector monitored
by a PDP 11 computer was used to measure and quantify several parameters in
this project. Its use for the measurement of austenite grain size and
inclusion size distribution is well establisﬁed and has been briefly
described in the previous two sections.

In an investigation into the effect of preheat on submerged arc weld
metals, a technique was required to estimate the volume fraction of cementite
in the final microstructure. Point counting at high magnification ( x
1000), which has been used by several investigators, proved unreliable,since,
in many cases,carbide areas were indistinguishable from ferrite grain

boundaries. Initial experiments with carbon extraction replicas taken from
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lightly etched specimens also proved problematic, since the extraction
efficiency varied from area to area and from specimen to specimen. Finally, a
deep etch%ng method was employed,which ensures that extraction efficiency was
high and relatively uniform throughout the carbon extraction replica. In
order to facilitate a direct analysis of tramsmission electron micrographs,
plates were overexposed by a fixed amount, resulting in a sharp black/white
contrast between the extracted cementite and the remaining areas. In all, 40
fields of view were examined for each specimeg. This technique thus allowed
a comparative study between welds, since the absolute values of cementite
:volume fraction would clearly depend on the degree of etching.

(d) X-ray Determination of Retained Austenite

Transverse sections of welds SA 1 and SA 4 were analysed using a Philips
horizontal diffractometer using Co K,radiation. A typical diffractometer
trace is shown in Fig. 3.18 corresponding to 1.5% retained austenite in weld
SA4. The method described by Dickson (1969) was employed to quantify the
results, as this accounts for any effect of texture in the material.

(e) Chemical Analysis

All bulk analysis referred to in this investigation was carried out at
the Welding Institute by x—ray fluorescence. The limits of detection and
the standard errors in the measurement of each element are given in Table
3.12. Oxygen and nitrogen were measured simultaneously by a vacuum fusion
method.

For the comparative study of bulk composition and matrix composition
described in Chapter 7, sparking was carried out on a transverse slice (lmm
thick) from welds SAl and SA4. Discs for electron microscopy were
subsequently punched from the centre of the sparked region and prepared for

E.D.X. analysis as previously described in section 3.4 Considering the
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Fig.3.18 Diffractometer trace from weld SA 1 indicating the presence

of 1.57 retained austenite.

Table 3.12

Limits of detection and standard errors in the measurement
of elements currently employed by the Welding Institute.

X-RAY FLUORESCENCE

ELEMENT WEIGHT 7,
c[s [P [si[m]niJcr]mo] v [culno|Ti A [ B
LIMIT __ [o01 |-005ls005[e01 [s01 oo [eoi feoi feor eoi [s005e003e005/s0005
ERROR [e01 fo o1 [e01 [s01 leor [e01 Jeoi Je01 [s00de003 003je0003

VACUUM FUSION  2700°C

NITROGEN * 2% OXYGEN * 3%
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chemical analysis of the submerged arc and manual metal arc deposits as a
whole, the values obtained for nickel and chromium were generally constant
(0.04%). For all welds deposited on base plates free from microalloying
elements (fe. plates B and C),the niobium and vanadium levels in the final
weld were less than the limit of detection for those elements. In the case
of titantium the detection limit was lowered from 0.01% to 0.003% during the
course of this work. For the manual metal arc depositstitanium was always

significantly above this lower level,whereas,in the submerged arc deposits of

special interest (welds SAl -SA4))it was consistently below the detection

limit.
| Aé a géﬁé?ai comment, one of the main problems in designing experiments
in weld materials is to keep the various compositional factors constant. For
example, if two fluxes are selected to deposit different oxygen levels (as in
the case of welds SA 1-6L it is usual for this to be accompanied by different
manganese and silicon recoveries in the final weld. Fortunately, the two
principal fluxes employed in this investigation’BOC 80R and 0P121TT7have
deposited manganese levels which were closely matching. The silicon levels
were generally higher in high oxygen welds (SA1-3) but in the case of the
welds used for the dilatometric investigation (SA 3 and SA6L the levels were
similar. A further problem is encountered when a given element is
systematically increased in a weld deposit. For example, Evans (1980) noted
that as the manganese level was increased in manual metal arc welds, a
corresponding increase in carbon levels was observed. However in the
investigation described in Chapter 8 into the effect of manganese, no

variation of carbon content has been observed in the final weld analysis as

manganese is systematically increased.



3.4 SUMMARY

This chapter has described the experimental procedure used throughout
this investigation; individual welds will subsequently be referred to by
the code given in the list of chemical analysis in Tables 3.3, 3.7 and

3.9.

42
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CHAPTER 4

THE MICROSTRUCTURE OF H.S.L.A. STEEL WELD METALS

4.1 INTRODUCTION

This chapter will describe the microstructure and toughness of
selected weld deposits using eléctron beam, submerged arc and electro-
slag welding techniques. All the welds considered were deposited on
commercial. steel plate using consumables which have been employed in
several recent investigations;eg Abson and Dolby (1978)’and are all used
extensively in commercial practice.

Central to the work described here is the microstructure of two
submerged arc welds designated SAl and SA4. The three weléing techniques
considered cover a range of cooling rates typical of industrial practice.

A detailed investigation into the fracture characteristics was not
carried out in this work,as several studies,eg Levine and Hill (1977),
Tweed and Knott (1981), have summarised the main parameters involved.
Charpy impact and tensile properties will thérefore be only used in a
comparative sense to indicate major differences in mechanical properties
between the welds.

The literature which deals with the microstructure and toughness of
HSLA steel weld metals will also be reviewed. However, due to the large
amount of data available, only the literature which is closely related to
this work can be discussed. Further, the various microstructural
classification schemes which have been proposed to quantify as-deposited

weld metal microstructures will be discussed and summarised.
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4.2 EXPERIMENTAL TECHNIQUES

The welds considered in this chapter comprise
1) Electron Beam weld EB3
2) Submerged arc weld SAl
3) " SA4
4) Electro Slag weld ES1

Full details of the welding parameters, chemical analysis and
consumables used have already been detailed in Chapter 3. Summarising,
they represent C/Mn/Si or C/Mn/Si/Mo welds deposited over a range of

cooling rates.

4.3 LITERATURE REVIEW

The aim of this literature review is twofold. It discusses the
various schemes that have been proposed to quantify weld metal
microstructures and, secondly, it reviews the literature which deals with
the relationship between microstructure and toughness in H.S.L.A. steel
weld metals.

4.3.1. Classification Schemes for Ferrite Weld Metal Microstructures.

In recent years several schemes have been proposed to describe
ferrite morphology in as—depositgd steel weld metals. They are summarised
in Table 4.1 and it should be noted that they are all based on optical
microscopy and, in some cases, a point counting technique. Widgery (1974)
classified four individual microstructural constituents.

(I) Proeutectoid ferrite
(II) Lamellar component
(ITI) Acicular ferrite

(Iv) Other constituents



Table 4.1 .
Summary of the classification schemes proposed to describe

ferritic weld metal microstructures.

AUTHORS| CLASSIFICATION SCHEME

WIDGERY lndividual constituents identified as -
(1974) 1) PROEUTECTOID FERRITE

I) LAMELLAR COMPONENT

m) ACICULAR FERRITE

) OTHER COSTITUENTS

LEVINE AND Overall microstructure classified as -
HILL I)CATEGORY T
(1977 those microstructures containing both grain
boundary ferrite and acicular ferrite
TL)CATEGORY IL
those microstuctures containing "lath"
structures originating from prior austenite
grain boundaries

COCHRANE Dube classification

(1977) I) ALLOTR IOMORPHIC. FERRITE
1) PRIMARY and SECONDARY FERRITE SIDEPLATES
m) INTRAGRANULAR FERRITE SIDEPLATES

ABSON AND Individual constituents identified as -
DOLBY I) GRAIN BOUNDARY FERRITE
(1980) 7)POLYGONAL FERRITE
m)ACICULAR FERRITE
)FERR ITE WITH ALIGNED M -A-C
=) FERR ITE- - CARB | DE A\6GREGATE
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He showed that if microstructures were classified into these groups,

the proportions of these constituents could be simply and consistently

related to toughness ﬁroperties.

In.contrast, Levine and Hill (1977) chose to .discuss the overall
microstructure of a weld deposit by dividing them into two groups:
Category I microstructures consisted of those weld deposits containing
grain boundary ferrite and acicular ferrite: Category II microstructure
comprised those containing predominantly a lath morphology originating
from a prior austenite grain boundary.

"Cochrane (1977) is the only investigator, in this context, to try to
relate weld metal microstructures to those structures identified
unambiguously in wrought steels. He used the original classification of
ferrite morphologies by Dubée et al (1958) and considered :-

(1) Allotriomorphic ferrite
(II) Primary and secondary ferrite sideplates
(III) Intragranular ferrite sideplates

However, this work could not distinguish between primary and
secondary sideplates, or uniquely identify the characteristic morphologies
of the ferrite allotriomorphs (eg. ferrite sewteeth) as discussed by
Aaronson (1962).

More recently, Abson and Dolby (1980) have proposed that a descriptive
approach should be adopted, and that the following categories of
microstructures should be considered:-

(1) Grain Boundary ferrite

(II) Polygonal ferrite

(ITII) Acicular ferrite

(IV) Ferrite with aligned M-A-C (martensite-austenite-carbide)

42) Ferrite-carbide aggregate (including pearlite)
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A further classification of the so-called 'microphases' using picral
etching at higher magnification was recommended.

Several criticisms of this scheme, which the author was a party to,
must be made. Firstly, despite the claims of Almqwvist = et al (1972) and
Garland and Kirkwood (1975), NO accurate assessment of the 'microphase'
regions (retained austenite, martensite, cementite) or their
identification can be made by optical microscopy. A further relevant
point is that since many of the familiar terms, eg proeutectoid ferrite,
ferrite sideplates, are now omitted in the scheme, this must lead to
further confusion in semantics and terminology, which already abounds in
welding iiféréture. It thus remains to be shown if this scheme, with all
its sub-divisions of microstructure, can be used to describe ferrite weld
metals accurately.

In addition to the work already discussed, welding literature is full
~ of purely descriptive terms which have been applied to ferrite
microstructure. Ito and Nakanishi (1976) use the term "fine lath-like
structures" to describe the microstructure European authors commonly call
acicular ferrite. Recently, Watson et al (1981) have used the term
'"Mackerel Skin' to describe the appearance of ferrite sideplates, which in
itself highlights the confusion regarding terminology in the welding
literature.

In the past, the term bainite has always produced controversy wherever
it has been applied to transformation product in steel. In this context,
the study of weld metal microstructures have indeed contributed to this
confusion by consistently trying to identify the constituent using optical
microscopy. Previous identifications of this microstructural feature
remain unclear. The structure pointed out by Cochrane in his review
(1977) cannot be distinguished metallographically from the Widmanstatten

side plates he also identifies. Similarlxlthe claim by Abson & Dolby



47

(1978) to have identified upper bainite with no directionality was not
supported by T.E.M. and in this case was almost certainly grain boundary
ferrite. (The identification of upper bainite in this chapter was only
possible after the work carried out in Chapters 5,6,7).

At this point,it is important to summarise that there are two
conflicting requirements in studying weld metal microstructure. There is
a commercial need to describe the microstructure of as-deposited weld
metal in order that the proportions of the various constituents can be
linked with toughness. In this case,the need is that only optical
microscopy must be used. Secondly, there is a desire to describe and
study weid“ﬁefal microstructure per se, which is the aim of this
investigation . In the latter case,it is essential to use every available

technique.

4.3.2. The Microstructure and Toughness of As-Deposited H.S.L.A.

steel weld metals

(a) INTRODUCTION

In attempting a literature survey of this kind it must be recognised
that it would be impossible to be completely. exhaustive. Japanese work
alone in this field eg. Sakaki (1959); Ito & Nakanishi (1976Z represents a
broad base on which a review could be written. Thus, thé most
constructive method of assessing the large volume of data available is to
consider the various reviews which have been written in recent years.

It is also instructive to list the problems that are associated with
the task of correlating information on microstructure and toughness in
HSLA steel weld metal. This can be conveniently divided into three
groups:-

(1) Communication Variables
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(Ir) Experimental Variables
(III) Metallurgical Variables

Dolby (1976) has highlighted the first two points by showing that
depending upon which toughness parameters are selected (eg. 27J transition
temperature or absorbed energy at a fixed temperature), different trends in
behaviour can be recorded. In this context, some authors eg. Taylor (1981)
report 'lower bound' impact properties when comparing Charpy impact data.
This method must be considered a more accurate guide to the mechanical
properties of a particular weld than those based on simple transition
curves. Also in this category are the problems associated with the
descriptibﬁvaﬁd quantification of the various microstructural features’
which have been discussed in the previous section.

Experimental variables include details such as the many
configurations from which impact specimens can be removed from a given
weld deposit. For example, specimens removed from the root regions of
welds (where the parent plate dilution is very high) would be expected to
have different mechanical properties from the surface regions (where the
parent plate dilution is very low).

In this study, as far as possible, the communication and experimental
variables have been kept constant. Microstructure of as-deposited welds
has been classified according to the scheme suggested by Widgery (1974),
and impact properties are reported as a standard Charpy transition curve.

Obviously, the effect of metallurgical variables are of greatest
concern in this work,and their review occupies the greatest proportion of
this text. There are a number of ways in which data relating to weld
metal toughness can be reviewed, for example
(I) By the fracture mechanism operating eg. Dolby (1976)

(II) By the role of alloying element eg. Ito & Nakanishi (1976)

(ITI) By the role of microstructure eg. Widgery (1974)
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With FoHounns work in mind, it was decided that isitially, an overall
review, based closely on the review by Dolby (1976), should be given
before specific topics,eg. the role of manganese, were considered.

Dolby's review centred on examining the factors controlling (or promoting)
cleavage resistance in weld metals. He conveniently summarised these
effects as illustrated in Fig. 4.1)which shows the role of the major
alloying elements in promoting cleavage resistance in weld metals. It
should also be noted that implicit in increasing the main alloying
elements, eg. Ni or Mo, is that an increase in the fine interlocking
acicular ferrite microstructure is also produced.

' Thié'ﬁédél predicts three régimes of behaviqug,depending on the heat
input of the weld deposit as shown in Fig.4.2. At low heat inputs (where
toughness is usually highest),the high toughness (at A) at low alloying
element concentrations was attributed to the beneficial effects of the low
yield strength. Toughness is not improved with increasing alloying
element from this point (towards B) until a significant improvement in
microstructure occurs (ie. a lgrger proportion of acicular ferrite is -
produced). The maximum value of toughness (at C) is generally obtained
when 90% of the microstructure is comprised of the fined grained acicular
ferrite microstructure. Over this value, toughness again falls off, since
no further improvement in microstructure occurs and the alloying elements
will serve only to increase the yield strength by solid solution
hardening. The validity of this model can be demonstrated by referring to
the work of Ito & Nakanishi (1976). Fig. 4.3 shows the effects they
observed on toughness by increasing 7%Mo in submerged arc weld metal. The
3 regions (A,B,C) may be termed 'under alloyed' (A), 'correctly alloyed'
(B) and 'over alloyed' (C), where in the latter case, an additional factor

could be the promotion of martensite in the microphase regions.
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Dolby also pointed out that at high heat inputs (slow cooling rates))
a larger percentage of alloying element would be required to produce the
same level of acicular ferrite in the microstructure. This is indicated
by a shift to the right for the curve depicting the behaviour of high heat

input welds in Fig. 4.1.

(B) THE INFLUENCE OF ALLOYING ELEMENTS ON THE MICROSTRUCTURE AND TOUGHNESS

OF H.S.L.A. STEEL WELD METALS.

In this section,the roles of the major alloying elements, eg C, Mn,
Si, Mo, Ni, and those elements present in small proportions, the
' miéfoalléyihg'elements eg. Nb, V, Ti, Al will be discussed. In view of
the overall effect of oxygen in both these types of weld metaljeach group
must be considered in two sections. Firstly, those elements active in
both the deoxidation reactions and also affecting hardenability eg. Mn,
Si, Ti and AL . and, secondly, those essentially determining only the
hardenability of the deposit eg. Ni, Mo and Nb, V.

The complex role of rare-earth additions will not be discussed here,
as several reviews eg. North et al (1979), Funakoshi et al (1977) have
covered this field. However, it must be pointed out that even the simple
alloying elements considered in this review can have complex synergistic

effects)which can further complicate the overall behaviour pattern.

(1) DEPOSITS FREE FROM MICROALLOYING ELEMENTS

The alloying elements in this group can influence toughness in three
principal ways -:
1) They can modify the yield strength and toughness by changing the
microstructure of the deposit.

2) They can modify the yield strength by solid solution hardening.
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3) They can modify the oxygen level of the weld deposit by participating
in the deoxidation reactioms.

Obviously some elements,eg. Mn, Si, can participate in all three
mechanisms simultaneously, whereas other elementﬁeg. Mo and Ni only affect
the first two points.

The effect of carbon on the microstructure and toughness of HSLA
steel weld metals has received many reviews, eg. Sakaki (1959); Ito &
Nakanishi, (1976); Abson, (1978.2). There is general agreement that
increasing carbon is detrimental to toughness. For example, Abson (1978)
showed a decrease in Charpy transition temperature as the carbon content
in'éubmefééa arc welds was increased from 0.1 to 0.19 Z C. He attributed
this to a reduction in grain boundary ferrite and an‘increased proportion
of pools of retained microphases. Similarly, Masumoto and Ozaki (1974)
and Masumoto (1976) showed clearly that increasing carbon_ changed the
solidification mode in comparable weld metals and cast steels. This
effect was itself thought to have a marked reduction in impact properties.

In siﬁple C-Mn weld deposits,silicon has been shown to have an
optimum level for toughness. For example Tuliani and Farrar (1975)
studied the variation of silicon in submerged arc weld metals in the
region 0.09%7 to 0.40%. Above 0.2% there was a marked increase in the
proportion of acicular ferrite microstructure produced. Ito & Nakanishi
(1976) detailed an optimum silicon level, depending on the manganese and
oxygen levels in the weld deposit)of 0.3%. Abson (1978.2) studied fhe
effects of increased silicon (between 0.23 and 0.56%) in C-Mn-Mo submerged
arc weld metal. Over this range, he observed only a slight decrease in
toughness,despite recording an apparent improvement in microstructure.

The role of silicon in manual metal arc deposits has recently been
reviewed by Boniszewski (1979). He highlighted its complex role in both

deoxidation, metal fluidity and effect on microstructure. In simple mild
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steel weld metals he showed an optimum level of 0.4% Si for maximum
toughness, which also achieved a low level of oxygen in the weld deposit.
In more complex weld metals,eg. 2.5 Ni and 2% Ni /1% Mo electrode;}high
silicon‘levels were shown to be detrimental to toughness.

The role of manganese in promoting good microstructure and toughness
in weld metals has been extensively documented. Sakaki (1959), Tuliani et
al (1969), (1972) showed clea?ly that increasing manganese in submerged
arc welding in the range 0.4 to 1.4% Mn improved toughness. Similar
improvements in microstructure and toughness have been subsequently

reported by Widgery (1974), Garland & Kirkwood- (1975) and John et al
(l§}6x taﬁééléct but a few of the reviews on this subject. Ito &
Nakanishi (1976) showed that the optimum manganese level was dependent on
both the silicon and oxygen levels in the submerged arc welds considered.
Recently, Farrar & Watson (1979) have suggested that manganese is indeed
the controlling factor in the development of microstructure in submerged
arc weld mefals. This point will be further discussed in Chapters 6 and
7.

The beneficial effects of manganese have also been established in CO2
shielded welds, eg Widgery (1974), and manual metal arc welds,eg Boniszewski
(1979). Recently, Evans (1980) has shown that in type E7018 manual metal
arc electrodes (those with iron powder additions), 1.4% manganese
represents the optimum in toughness. In a similar study in electrodes
where iron powder was excluded from the coating (type E7016 electrode),

Taylor (1981) has shown that 1.7% manganese represents the optimum in
toughness. This work also demonstrated that at this level of manganese,
the simple C-Mn electrodes can replace the familiar 2.5 Ni electrode in
offshore and pressure vessel applications.

Both Mo and Ni have been _used extensively. to produce strong, tough

weld metal in both manual metal arc and submerged arc welding. For
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example, Ito & Nakanishi (1976) showed the beneficial effects of Mo in
submerged arc weld deposits. In combination with titanium aﬁd boron, they
showed that the optimum level for toughness was 0.3% Mo. Similarly,
Tuliani ‘et al (1969)have shown that increasing Ni in submerged arc
welding produces a finer acicular ferrite microstructure which has
excellent cleavage resistance.

Summarising, this overall review of the microstructure and toughness
of as-deposited weld metal has shown that the major compositional factors

promoting toughness have already been established.

(2) DEPOSITS CONTAINING MICROALLOYING ELEMENTS

The use of microalloyed steels (particularly those containing
vanadium and niobium) is now well established in both pipeline and general
construction steels. The literature which deals with the welding of these
steels is both extensive and conflicting.

Research in this field has naturally concentrated on determining the
factors affecting toughness in both as-deposited weld metal and the
re-heated regions of multi-pass welds. An overall criticsm which must be
made with respect to microstructural investigations in microalloyed weld
ﬁetals is that,in general only optical microscopy has been used in
microstructural work. In this sense, a phrase which is frequently found
in the literature 'this needs to be confirmed by electron microscopy'
highlights the very limited nature of microstructural investigations in
this area. Several authors, eg Signes et al., (1979), have speculated and
even interpreted results on the basis of precipitation hardening due to
these microalloying additions without any direct evidence to support the
claims.

Recent reviews on toughness in this area,eg Dolby (1980), Dolby

(1981), Abson and Hart (1980) have summarised and extensively reviewed the
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data available. They have shown that the effect of the microalloying
elements Nb and V depends strongly on the overall alloy composition. In
general terms, over the range up to 0.07% Nb and between 0.06 and 0.11% v,
they have only a small effect on cleavage resistance (eg. 15°C change in
27J transition temperature) when the overall composition and
microstructure of the major alloying elements had been optimised. In
reheated weld metal, they detected an increase in 0.lmm COD temperature due
to an increase in hardness.

In the field of microstructure, the work of Bosansky et al.(1977)
must be emphasised, as the recent reviews mentioned above have omitted to
highlighEAfhe.work. It showed clearly that two mechanisms of
precipitation in weld metals are to be expected. Classic interphase
precipitation of NbC in polygonal ferrite was detected (in as-deposited
weld metalb and secondly, precipitation on dislocations and subgrain
boundaries was observed after stress annealing treatments.

The precise role of both titanium and boron in the toughness and
development of weld metal microstructure is both complex and unclear.
Recently, Koshio (1981), Mori et al. (1981) have all shown that suitable
additions of these elements can markedly improve the toughness of
submerged arc weld metals. These two authors attribute this improvement
to the effective nucleation of acicular ferrite on Ti oxides and the
considerable reduction in the free nitrogen available in the weld deposit.
In the same context, Funakoshi et al. (1977) have shown that ferrite can

nucleate on BN precipitates in rare-earth treated weld deposits.
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4.4 RESULTS

The general microstructure of the four as-deposited welds considered
are shown in Figs. 4.4-4.7. They are most conveniently considered in order
of decreasing cooling rate, starting with the electron beam weld EB 3. The
optical microstructure comprises a mixture of upper bainite (at a) and
martensite (at b). This can be more clearly seen in Figs. 4.8 and b9 -
which  show (a) lath martensite,and (b) autotempered martensite,reflecting.
the very high cooling rate induced in the welding process. Some
intragranular nucleation Wés observed, as indicated in Fig.4.10 which shows
aaMnS inclusion associated with intragranular ferrite (at d),which in turn
has nucleétéd‘laths at (b) and (c¢).

To assess the toughness of such deposits,surface notching of cCharpy
specimens is required,and the resultant impact properties are given in
Fig. 4.11. This indicates a transition temperature of the order of room
temperature, which in terms of HSLA steel weld deposits represents poor
toughness.

In contrast, the microstructure of the welds ES1 oaad Sﬁg
(Figs. 45 and 4.7.) show the development of what is commonly called an
acicular ferrite microstructure. All these microstructures comprise grain
boundary nucleated ferrite (eg. at &« in Fig.4.5) and a fine intragranular
product (eg. b in Fig.4.5). The differences in both ferrite and prior
austenite grain size observed in these welds reflects the widely different
cooling rates experienced.

A distinctive feature in the electro slag weld (ES1) is the large
equiaxed prior austenite grain size and the nucleation of ferrite on twin
boundaries, which is detailed in Fig. 4.12(a). Also, in this weld pearlite
can be resolved in the fine regions between the intragranular ferrite, and

is shown in Fig. 4.12 (b).
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Fig.4.4 Typical microstructure of Fig.4.5 Typical microstructure of
electron beam weld comprising fine electro slag weld with a coarse
upper bainite and martensite. austenite grain size.
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Fig.4.6 General microstructure of Fig.4.7 General microstructure
high oxygen submerged arc weld SA 1.

of medium oxygen submerged arc
weld SA 4. *
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Fig.4.10 Nucleation of ferrite (as arrowed) on manganese .
sulphide inclusion in electron beam weld. Subsequent
laths appear to have nucleated on the ferrite constitutuent.
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Fig. 4.11 Impact properties for typical electron beam weld EB 3.
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The microstructure and toughness of the two submerged arc welds SAl
and SA 4 will now be described. Figs 4.13 and 4.14 show the fine detail
of these two microstructures. SA 1 comprises of predominantly grain
boundary nucleated ferrite,whereas SA 4 has a large proportion of fine
intragranularly nucleated ferrite. These micrographs also give some
indication that inclusions are in some way affecting the development of
microstructure. In SA 1 (Fig. 4.13) a large inclusion is present in the
prior austenite grain boundary (arrowed),and in SA4, fine interlocking
ferrite is associated with an inclusion at ). It should be emphasised

at this point that these welds have almost identical compositions with
| reééect ébufhé main alloying elements present (ie. C, Mn, Si, Mo), with the
exception of oxygen, SA 1 having twice the level of the othér deposit.

Two features which previous investigations in this field have failed
to highlight are also illustrated in Figs. 4.13 and 4.14. Firstly, there
is a large difference in prior austenite grain size between the two

vdepositsjwhich was measured as 66 um and 120 um respectively. Further,
the average ferrite gréin size was much.smaller in weld SA4 than SAl.
There was no indication whether this difference in prior austenite grain
size was the result of solidification effects.

The Charpy impact properties for these two welds are summarised in
Fig.4.15. It is clear that the acicular ferrite microstructure (weld SA4)
has much better toughness at all temperatures than the predominantly grain
boundary nucleated ferrite microstructure of weld SAl. These results show
clearly that both the resistance to cleavage fracture and to fracture by
microvoid coalescence is higher in the acicular ferrite microstructure
(weld SA4). Further, as Table 4.2 shows, the increase in toughness

associated with the acicular ferrite microstructure occurs despite the

fact that the yield strength increases.
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Fig. 4.15
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Charpy impact -properties for welds SA 1 (®) and SA 4 (e).

Table 4.2

Table 4.3.

Mechanical properties

for welds SAl and SA 4.

LOWER [ULTIMATE ELONGATIREDUCTION
YIELD [TENSILE N ARE A
STRESS |STRENGTH % %

N/mm' | N/mm
539 | 642 | 29 55

SAL gis | LT | 28 65
77 | 606 | 28 55

AT g1 | 622 | 77 57

Quantitative metallography for welds SA 1 and SA 4.
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Though several criticisms of the techniques of point counting can be
made, the results of such an analysis for welds SA 1 and SA 4 are given in
Table 4.3. In this study, the catagories of ferrite microstructure

considered were :

(1) GRAIN BOUNDARY FERRITE
(ii) FERRITE SIDE PLATES
(iii) ACICULAR FERRITE

(iv) OTHER FEATURES

which are the broad categories considered by Widgery (1974). These
results are consistent with the overall rélationship determined in many
; inVéstigéfibné)eg Widgery (1974), that the proportion of the acicular
ferrite microstruéture can be directly linked with toughness.
Transmission electron microscopy was used to fully characterise the

microstructure of the weld deposits. The results presented here will-deal
specifically with the microstructure of the weld SAl - a complete
description of a typical acicular ferrite microstructure as observed in

weld SA 4 will be given in Chapter 6. Fig 4.16(R) (a) shows a transmission
| electron micrograph of cementite situated between two grain boundary
nucleated ferrite side plates. A cementite dark field and corresponding
diffraction pattern are given in Figs. 4.16!A b)), respectively. Cementite
formed the largest proportion of the so-called microphases in these welds.
The presence of retained austenite was detected using x-ray diffraction
(see chapter 3 Fig. 3.1€), but only rarely in thin foils,as shown in
Fig.4.16(B),(a) with the corresponding dark field image and diffraction
pattern in Figs. 4.16 (B), (b) and (c). High carbon, twinned martensite
was observed)as shown in Fig.4.ln and in this case a small area of
degenerate pearlite is also present.

The chemical analysis of these welds indicated that a large volume

fraction of inclusions would be present in both the deposits. Carbon



Fig.4.16 Microphase region o

f weld SA 1 showing presence of cementite
(A) and retained austenite (B).

(a) Brightfield,
(b) bark field,

(c) Corresponding diffraction pattern + solution.




Fig. 4.17 Microphase region of weld SA 1, showing presence of
twinned martensite and a small area of degenerate
pearlite - at A.
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extraction replicas from these two welds revealed a large number of
inclusions as shown in Figs. 4.18(a) (b). A Quantimet imége analysing
computer was used‘to measure the size distribution and volume fraction of
the inclfusions present. These results are summarised in Figs. 4.19 (a)
and (b), which show the number of inclusions per unit volume in each of
the welds SAl and SA4 respéctively. The volume fraction of inclusions was
calculated directly from thé field area as 0.193 7 (weld SA4) and 0.392%
(Weld SAl),which is in good agreement with the calculated values based on
the work of Bailey and Pargeter (1979), which predicts volume fractions of
0.184 and 0.377 respectively from the bulk compositions. The nature of
théée in;iﬁgiéns and their effects on matrix compositions will be
discussed in Chapter 7. Table 4.4 summarises further details of the
Quantimet analysis of inclusion parameters. The nearest neighbour
spacings Q&B andlkz) are similar to those reported by Widgery (1974).

Having established a distinct difference in inclusion size
distribution between the two welds (ie. there are more and larger
inclusions in weld SAl than SA4),it is important to assess, at least
qualitatively, how the inclusion size distribution itself is affecting
toughness. By reaustenitising Charpy specimens from these welds to the
same austenite grain size, followed by furnace cooling,it is possible to
establish a constant ferrite micrdstructure. This is shown in Fig 4.20,
where the microstructure comprises of an equiaxed ferrite/pearlite
constituent.

The resultant Charpy impact properties are shown in Fig. 4.21,which
suggests that the inclusion size distribution itself is affecting both the
upper shelf impact behaviour' (microvoid coalescence fracture mode) and
the Ductile/Brittle impact behaviour (cleavage fracture mode). Whilst the

former point is well established,eg Dolby (1976), the role of inclusions



Fig. 4.18(a) Carbon extraction replica from weld SA 1

V’Q%’f o ’ s

Fig. 4.18(b) Carbon extraction replica from weld SA 4

(N.B. In both cases, these carbon replicas were prepared

from lightly etched specimens resulting in poor extraction
of cementite.). '
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Table 4.4 Summary of inclusion parameters for welds SA 1 and 4.

x|

Ny | Ny | 4, | A S

/mm’| /mm’| pm| pm ummfﬁ/mrn{

SA_425,3351-1X108 115 314 0-39 (309
S,A,132,7261-6~10e 1:02| 276| 0-46 | 47-5

N.B. The parameter S refers to the total surface area of
inclusion/matrix interface. It is interesting to note that in both
welds it exceeds the total austenite grain boundary area wh%ch assuming
hexagonal cyclinders were calculated as 11.7 and 35.3 mm“/mm” for welds

SA 4 and SA 1 respectively.



Fig. 4.20. Ferrite/pearlite microstructure produced by furnace cooling
Charpy specimens from welds SA 1 and SA 4.

140
1204
100+
801
60+
4 0

20

Fig. 4.21. Charpy impact properties for high oxygen (®) and medium
oxygen (e) weld deposits with constant ferrite/pearlite
microstructure. '
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in reducing cleavage resistance has only just been clearly demonstrated in
weld metals, Tweed and Knott (1981).

4.5 DISCUSSION

This chapter has investigated a series of typical microstructures
which might be encountered in the three welding procedures considered.
They have served to demonstrate the overall effect of cooling rate on the
microstructure of steel weld metals. A progression from a mixed upper
bainite/martensite microstructure (observed in the electron beam weld) at
fast cooling rates to a coarse mixture of grain boundary ferrite/-
Widmanstatten ferrite/ pearlite microstructure (observed in the electro-
slag welaf.haé been noted.

With respect to the submerged arc welds deposits (SAl) and (544),
the techniques of point counting and simple Charpy transition curves have
again shown that a high proportion of the acicular ferrite microstructure
is desirable for good toughness. Additional information regarding the
fracture ;haracteristics of these two welds has also been obtained. The
two distinct inclusion distributions observed in the welds (SAl) and
(SA4) have themselves changed the resistance to cleavage fracture of the
two deposits,as indicated by Fig. 4.21. Direct evidence to support this
claim has been established in similar material by Tweed and Knott (1981).

The new information which has arisen from the microstructural
investigation is that derived using the higher resolution techniques.
Specifically, oil emersion photography has indicated three probable roles
for inclusions in these particular weld deposits.

In the electron beam weld (EBl) a close association of intragranular
ferrite and a manganese sulphide inclusion has been observed (Fig.4.9).
This has occurred despite the fact that the grain boundary regions in the
Ssame austenite grain are associated with an upper bainite microstructure.

This in itself strongly suggests that the inclusions are locally affecting
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the austenite composition)as demonstrated by Salmon-Cox (1964) in cast
steels.

In the high oxygen submerged arc weld (weld SAl), large inclusions
have been observed in prior austenite grain boundaries, supporting the
argument put forward for grain boundary pinning proposed by Cochrane
(1978). Similarly, an apparent association of inclusions and
intragranular ferrite, as proposed by Abson and Dolby (1978), has been
observed in medium oxygen weld metal (weld SA4).

Electron microscopy has shown clearly the nature of the so-called
microphase regions in the submerged arc deposit (SAl). Cementite and
twiﬁned méffeﬁsite have been identified in this deposit.

4.6 CONCLUSIONS

The broad conclusions of the work described in this chapter can be
summarised as follows:

1) The literature reviews included in this chapter have indicated a
need for a systematic study of microstructure in steel weld metals. At
présent, the most appropriate scheme to describe the microstructure of
as-deposited weld metals is considered to be that proposed by Widgery and
Saunders (1975).

2) The experimental investigation has pointed directly to those
areas which must be considered in following chapters. 1In considering the
role of inclusions with respect to the development of microstructure,three
main features must be investigated.

i) Their role as sites for intragranular nucleation of acicular
ferrite

ii) Their role in determining matrix chemistry

iii) Their role in pinning austenite grain boundaries and the

significance of this parameter on subsequent transformation.
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CHAPTER 5

5

A RATIONALISATION OF PHASE TRANSFORMATIONS IN H.S.L.A. STEEL WELD

METALS.

5.1 INTRODUCTION

This chapter will describe a detailed isothermal and continuous
cooling study of two typical submerged arc weld deposits and a model
steei of -the same composition. The aim of the investigation was to
identify the morphology and microstructural characteristics of the
various components present at any given temperature. The experimental
work is analysed in terms of a recent thermodynamic analysis due to
Bhadeshia (1980.1) (1982.2), which sought to rationalise displacive
phase transformations in steels.

Particular attention has been placed on the investigation of the
early stages of the ferrite and bainite reactions since,at any given
temperature, these observations are most relevant to the situation of
continuous cooling. Carbide precipitation reactions are shown to be
secondary to the overall reaction mechanism for both the Widmanstatten
ferrite and bainite reactions, and consequently are not reported in
detail. One unfortunate limitation of the microstructural examination
was that, due to the very fast isothermal reaction observed throughout
the temperature range of interest, surface relief experiments could not

be carried out.



5.2 THERMODYNAMIC ANALYSIS

The thermodynamic calculations presented in subsequent sections
were carried out using computer programs described in detail in
Bhadeshia (1981.4) The general background and basis to this work can
best be considered in two sections as follows. Bhadeshia's notakion

for free energy e uvsed throughovt  this chapter

5.2.1.RATIONALISATION OF SHEAR TRANSFORMATIONS IN STEELS.

For many years, several authors eg Pickering (1967) have sought to
incorporate Widmanstatten ferrite and upper bainite into a single
framework which could describe the mechanism of formation of these
constituéhté.- For example, on the basis of metallographic studies of
alloy steels, Honeycombe and Pickering (1972) concluded that both
Widmanstatten ferrite and upper bainite formed by a mechanism involving
shear. However, only recently has a complete thermodynamic analysis of
this proposal been established. This rationalisation of shear
transformations by Bhadeshia (1981.1) can best be discussed with

reference to Fig.5.1,which presents the free energy-temperature curves

for a Ni/Si steel. The three curves designated A FN,AFH e and AF"{—7 e
refer to :-

AFN - The driving force, calculated on the basis that carbon
partitions during nucleation, reguired. ' to obtain a detectable

nucleation rate.
By dg .
AF - Free energy change accompanying the formation of ferrite of
the same composition as austenite.
F3%;+N . . :
AF - Free energy change accompanying the formation of ferrite
which at all times contains an equilibrium carbon content.
TheAFN curve represents quite a unique method of understanding the

nucleation behaviour of Widmanstatten ferrite and bainite. 1Its basis is

to calculate the driving force required to obtain a detectable
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Fig.5.1 Free energy vs temperature curves for a Fe-Ni-Si-C steel,
after Bhadeshia (1981.1). The A Fy curve represents the free energy
change necessary in order to obtain _ a detectable nucleation rate for
displacive transformations. The AF'>® andAFY 7Y+ % ‘urves refer
to the free energy change accompanying the formation of a BCC phase of the
same composition and of equilibrium composition respectively.
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nucleation rate, in a series of low alloy steels, at which a B.C.C.
phase first forms with a shape change. The term B.C.C. phase is used
here, since it can refer to either Widmanstatten ferrite or upper
bainites Initially,to establish this curve, two possibilities were
considered - ferrite forming with a full parent austenite composition
and ferrite forming with only the equilibrium carbon content. This
latter case was shown to be the only operative possibility at the
nucleation stage since if a full supersaturation was considered, a
positive free energy change was obtained for a few of the steels
considered, a situation which is clearly impossible. The concept of a
parﬁial éﬁbéréaturation was shown to be unstable with respect to
fluctuations in the interface composition. ' The form of this universal
curve was only consistent with isothermal martensite nucleation theory
and not with classical nucleation theory which predicts a Ali:4
dependence.

Although the nucleation stage involves the equilibrium partitioning
of carbon, it seems reasonable that the subsequent growth of this B.CTC.
phase depends critically on the free energy available for the
transformation. Thus two possibilities are to be considered - growth
with equilibrium carbon partitioning (represented by AF“‘”")" and growth
with full carbon supersaturation (represented byAFW%, corresponding to
Widmanstatten ferrite and bainite respectively. By determining the WS

and BS temperatures,Bhadeshia was able to establish the magnitude of
D8 +4 ¥ 94
(at the Wg) and AF(at the Bg)

subsequently referred to as Fl and F2 respectively.

AF as 50 J/mol and 400 J/mol. These are

On this basis,the general condition for the B.C.C. phase to grow as

Widmanstatten ferrite would be when

K r A
AR > F
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Similarly, the B.C.C. phase would grow as bainite when

AR = F,

In both cases, clearly the original condition
¥ 8, +d
AF = AF,

would have to have been satisfied, otherwise nucleation of the
B.C.C. phase would not have occurred in the first place.

'By definition, at those temperatures where AFN exceeds the value
of AFXﬁX" e -» nucleation and growth involving a shear process is
thermodynamically impossible; thus transfdrmation can only occur by an
entirely diffusional process. To complete the rationalisation of shear
transformationg,the free energy change required for nucleation of
martensite was taken after the analysis of Mg temperatures of plain
carbon steels, Bhadeshia (1981.3).

The results of such an analysis for the composition 0.137%C,
0.35%8i, 1.27% Mn and 0.25% Mo is summarised in Fig. 5.2. The
calculated curves for A van(s and A an i have clearly
exceeded the A FN curve throughout the temperature range of interest (ie
nucleation is possible). The temperature corresponding to the
Widmanstatten start temperature (Wg), the bainite start temperature (Bs)
and the martensite start temperature (MS) were calculated as 700°C,
570°C and 475°C respectively.

To further characterise microstructural development under
isothermal heat treatment conditionsjit is possible (after Zener (1946))
to define a To temperature where stress-free austenite and ferrite of

identical composition are in a metastable equilibrium. The calculation

of this line as a function of temperature and carbon content is now well
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Fig.5.2 Free energy vs temperature curves for C-Mn-Mo weld metal as
discussed in text.

TEMP
()
800+
700-
6w T Voante 56 % |Vypq 88 %
v 8 % |v 9% %
6001 BANITE WiDa
——————— —519°C
500+

002 004 006 008 00 012 0% 9% CARBON
(MOLES)

Fig.5.3 Calculation of To and Ae. curves for C-Mn-Mo weld metal

referring to no partitioning and no substitutional partitioning
respectively.
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established, as is the calculation of the Aeé line which describes the
equilibrium when carbon partitioning is allowed‘to occur, In both
cases, no partitioning of substitutional alloying elements is allowed.
The calculations for the composition of interest in this investigation .
were carried out using the analysis of Bhadeshia»(l979),and are

summarised in Fig.5.3. The effect of the strain energy and interfacial
energy contributions (referred to as the stored energy contribution) is
to reduce the extent of the transformation in both cases. This is
indicated by a slight shift to the left for both curves. This analysis
allows the extent of the isothermal reaction to be established assuming
either aAEQinite or Widmanstatten reaction,since the transformation
should stop when the carbon content of the residual austenite reaches
either the To or Ae, tie line respectively. This assumes, of course,
that carbide precipitation has not reduced the carbon content of the
residual austenite,since this would allow further transformation as the
carbon level would be reduced below the To level.

With the subsequent experimental work in mind, two temperatures
were selected for extensive investigation, 520°C and 650°C, these being
at the centre of the calculated Widmanstatten ferrite and bainite Cemperakure

ranges . The estimated volume fractions of bainite and
Widmanstatten ferrite at these temperatures (in the absence of carbide

precipitation) are also shown in Fig.5.3.

5.2.2 ISOTHERMAL TRANSFORMATION DIAGRAMS

In a new analysis Bhadeshia (1981.4) has recently presented a
thermodynamic model allowing the calculation of the reaction start times
for Time-Temperature-Transformation diagrams. He proposes that such
diagrams can be considered to comprise two overlapping 'C' curves.

These describe the high temperature ferrite and pearlite transformations
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(the diffusional 'C' curve) and the low temperature Widmanstatten
ferrite and upper bainite reactions (the displacive 'C' curve). The
interaction of these two curves is shown to account for the ‘bay’ which
is frequently observed in low alloy steels about the so called BS
temperature.

The essence of this method is to fit experimental values to

Russell's (1968) general equation:-

T
ts = I [ (AG)XD ]

time taken to establish a steady state nucleation rate

where t
s

Absolute temperature

A
"

D = Appropriate diffusion coefficient

G

Appropriate free energy change

X

dependent on the nature of the nucleus
for both the displacive and diffusional products. This method therefore
precludes any preconceived ideas regarding the shape, the coherency or
the sizg of the initial nucleus. The calculations generate two 'C'
curves as a function of time and temperature. In the case of the lower
'C' curve the diagram is truncated‘at the WS ). S\nce  &his  represents gl
P hakural - upper  yime . for the Widmanstatten ferrite and bainite
reactions as previously discussed. Bhadeshia has emphasised that while
this method gives good agreement with experimental results, the
formalisation must, as yet, be considered empirical.

The resultantiT.T.T. diagram for the alloy system considered in
this investigation is shown in Fig.5.4. Clearly, an extremely fast
isothermal reaction is predicted for both the displacive and diffusional

'C' curves.
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Fig.5.4 Calculated T.T.T. curve for the nominal composition 0.13%C,
0.35% Si, 1.27 % Mn, 0.25 % Mo. The upper 'C' curve describes
diffusional transformation (ferrite and pearlite) whereas the lower 'C'

curve refers to displacive transformation (Widmanstatten ferrite and
upper bainite).
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5.2.3. APPLICATION OF THERMODYNAMICS TO THE ANALYSIS OF TRANSFORMATIONS

OCCURRING ON CONTINUOUS COOLING.

It is instructive to list the problems associated with any attempt
to apply a thermodynamic analysis to transformations occurring on
continuous cooling. These are in addition to the problems already
considered in the isothermal analysis described by Bhadeshia.

1) There is no extensive (if any) data source which relétes those
temperatures, compositions and cooling rates below which a B.C.C. phase
forms from austenite with a shape change.

2) Since by definition, a range of temperatures are encountered at any
given coéiiﬁg.rate, the driving force for transformation varies with
time and temperature.

3) At the cooling rates of interest,it is likely that a range of
transformation mechanisms can operate at various stages during the
cooling cycle.

Further problems are again encountered when considering
transformations in weld materials,of which the most limiting are as
follows:-

1) No possibility exists of examining surface relief effects.

2) As yet,there is no possibility of accounting for the possible
effects of austenite grain size or the question of the actual nucleation
site - both of which are thought to have powerful effects in weld
materials.

Ideally, any continuous cooling transformation (CCT) diagram may be
considered to be one of eleven primary possibilities with respect to the
measured reaction start and finish temperatures. These are represented
in Fig.5.5,relative to the isothermal parameters previously discussed.

The most obvious possibility is that transformation does not occur

at all on cooling to room temperature,as indicated by case A. The
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Fig.5.5 Schematic representation of the possible transformation ranges
of reaction product occurring on continuous cooling. For discussion see
text,
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second relatively simple possibility is the case when transformation
occurs entirely at high temperature by diffusional processes (case K).
For each of the nine other possibilities,mixed transformation mechanisms
are likely, since the observed transformation range spans one or more of
the isothermal phase fields. In this case,a series of secondary
possibilities exist, depending on the stability of any remaining
(residual) austenite. This will itself depend critically on the alloy
composition, cooling rate and the precise effect of any prior
transformation.

'The situation which must be analysed in weld materials is case H
where, iﬁhéénéral, the observed transformation range encompasses a wide

range of transformation mechanisms.

5.5. EXPERIMENTAL RESULTS

5.3.1. ISOTHERMAL INVESTIGATION

Two weld metal &ypes and a model steel (Alloy J) were
investigated in this study - all having closely matching compositions,
with the exception of the oxygen content. This varied from 600 PP
(welds SA 1,3) and 300 ppm (weld SA kt) to <50 ppm in the model steel.

For the weld materials two austenitising treatments were
investigated. In order to produce the same austenite grain sizes in
each weld, 1300°C for 10 minutes (weld SA 3) and 1300°C for 6 minutes
(weld SA 6) were employed to give an average grain size of 85 uym. To
reflect the difference in austenite grain size observed in the
as-deposited weld materials, 1310°C for 10 minutes conveniently produced
grain sizes of 65rm and 5 um in welds SA 3, 6 respectively.
Subsequent investigation showed that in both Welds)égz austenite grain
size in the range 40 to 'S um produced the same reaction

characteristics,since the overall kinetics of this alloy system seemed
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to dominate in the temperature range of interest (ie. < 700°C). The
reaction kinetics also limited the iséthermal investigation to
teﬁperatures above  430°C,since below this value, transformation
commenced during the quench to the isothermal temperature (ie the C.C.T.
characteristics had become important).

The experimentally determined Time-Temperature-Transformation
diagrams for the two welds are shown in Figs. 5.6(a) and 5.6(b). In
both cases, the reaction start times occur in less than one second in
the temperature range 700°C to 500°C. A bay' is observed in the reaction
finish curve between'625°C and 675°C,where dilatometrically it is
difficult'ié establish the precise reaction finish time.

To characterise the various microstructural components present,
heat treatment of 3mm rods was carried out in a tin bath in the
temperature range 700°C to 500°C,following austenitising treatment of
1250°C for 15 minutes. In both welds considered,the same general
characteristics were established with respect to the development of
microstructure. The results will therefore be reported in terms of the
various microstructural components observed)rather than the individual

weld deposits (welds SAl and SA4).

(a) THE BAINITE REACTION

Transformation below 550°C in both welds produced a characteristics
plate-like or 'feathery' microstructure,designated upper bainite. For
example, Fig.5.7 (a) and 5.7 (b) show the microstructure resulting from
heat treatment at 550°C and 500°C for 5 seconds in weld SA 1. 1In
general, the product appeared grain boundary nucleated though the degree
of transformation precluded any positive identification of intragranular
nucleation. Individual laths have in many cases grown completely across
the austenite grains (eg. in A in Fig. 5.7(a)),thougﬁ impingement seems

to restrict the size in many cases (eg. in B in Fig.5.7 (a)). Clear
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(Fig.5.6(a)) and SA 6 (Fig. 5.6(b)).
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Filg.5.7 Optical micrographs of upper bainite microstructure following
isothermal heat treatment of specimens from weld SAl.
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evidence for inclusion pinning of austenite grain boundaries is evident
in Fig. 5.7(b), where a large inclusion is present at an austenite grain
boundary triple point. There is no obvious indication that inclusions
are playing a major role in the development of this constituent.

Transmission electron microscopy of the upper bainite
microstructure at this stage of development yielded several important
results. Fig.5.8(a) shows that individual colonies of upper bainite are
comprised of individual units of bainitic ferrite separated by well
defined boundaries. Over the temperature range of interest, the width of
Tthese'baiqitic ferrite plates remained constant at 0.2um with the
length vaf&iﬁg'from 10 ym to in some cases 80-100 pm. Closer inspection
reveals that individual laths have a high dislocation density and were
separated by fine intralath films of a highly dislocated constitutent,
as shown in Fig.5.8(b). 1In all cases in this temperature range at this
stage of development,the constituent was identified as retained
austenite. This is illustrated in Figs. 5.9 (a)(b)(c)(d), which show a
typical brightfield, austenite centred dark field and diffraction
pattern from a bainite colony observed at 550°C in weld SA 4. The
orientation relationship between the austenite and bainitic ferrite was
the Nishiyama - Wasserman orientation relationship.

Carbide precipitation occurred after 20 seconds in this temperature
range, as shown in Fig.5.10,which refers to transformation at 550°C in
weld SA 4,

(b) THE FERRITE REACTION

Transformation to ferrite occurred over a wide range of
temperatures in these materials. For example, the ferrite morphology
observed after transformation at 600°C for ten seconds in weld SA 4 is
shown in Fig.5.11. At this temperature,the microstructure consists

almost entirely of Widmanstatten plates. In many cases}these had grown
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(a) | (b)

(c) o (d)

Fig.5.9 Transmission electron micrographs of the early stages of

development of the upper bainite microstructure.
(a) Bright field micrograph.

(b) Austenite centred - dark field.

: 0-2um
(c) Corresponding diffraction pattern, @ 3
(d) Solution to (c),






Fig.5.10 optical micrograph of upper bainite microstructure following
isothermal transformation at 550°C for 20 seconds. The colonies are

extensively impinged and prior austenite grain-boundaries are barely
resolvable. (Weld SA %)
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completely across austenite grains (eg. at a),whereas in other areas, the
plates were possibly associated with weld metal inclusions in the
intragranular regions (eg. at b). Occasionally, Widmanstatten sawteeth
were also observed at this temperature (eg. at ). After longer
transformation times (eg. 10 minutes at 600°C) in weld SA 4, the
microstructure appears interlocking,due to the extensive impingement.
This microstructure is shown in Fig.5.12.

Transmission electron microscopy of the ferrite microstructure at
the early stages of development revealed that many of the plates had
subgrain boundaries along the centre,as shown in Fig.5.13(a). However,
in severéiuéaées, eg. Fig. 5.13(b), no such boundary was observed. The
precise crystallography of these plates could not be establishedlsince
interlath retained austenite was not observed in the adjacent
martensite.

As the isothermal transformation temperature was increased, the
frequency of observation of classic Widmanstatten ferrite plates
decreased. Fig.514(a) shows the morphology of the ferrite
microstructure after transformation at 650°C for 10 seconds in weld
SA 4. The predominant components comprise allotriomorphic ferrite, as
shown at@., and secondary Widmanstatten plates,eg at (). At high
transformation temperatures,eg. 700°C, Widmanstatten plates were rarely
. observed. At early transformation times (eg. 1 minute), the
experimental observations can be summarised for weld SA 1 in fig.s.14
(b). A single Widmanstatten plate can be observed at(a), a Widmanstatten
sawtooth at (), together with several examples of faceted ferrite growth
eg at ). At longer times at these high temperatures, slight
disagreement with the dilatometric analysis was observed. The
transformation finish recorded dilatometrically was 2 minutes at 700°C

’

whereas transformation in the tin bath was not complete after 10



Fig.5.11 Optical micrograph of Widmanstitten ferrite microstructure
during early stages of development.
(Weld SA4, 600°C - 10 seconds)
I Aﬁ-w'ﬂ' ":'a, _"‘ _,’_
v Lot .\ "-V,}‘)’ «

i .\ L‘r‘gdt N

7 'r@

Fig.5.12 Optical micrograph of Widmanstitten ferrite microstructure
after extensive impingement.
(Weld SA 4, 600°C - 10 minutes)
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(a)

Fig.5.13 Transmission electron micrograph of Widmanstitten plates
following isothermal heat treatment, ( wWeld S04 , oo°c - 10 seconds )
(For discussion see text)

)



(a)

()

(c)

- Fig.5.14 Optical micrographs of the high temperature reaction products
observed under isothermal treatment in weld SA (For further discussion
see text)

(a) Weld SA4 650°C 10 seconds
(b) Weld SAl 700°C 1 minute 20pum
(c) Weld SAL 700°C 10 minutes e e
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minutes)as shown in Fig.S5.4(c), where the residual austenite has

transformed to martensite.

(c) FURTHER ISOTHERMAL STUDIES OF THE UPPER BAINITE AND FERRITE

REACTIONS IN A HIGH PURITY ALLOY

This further investigation was carried out to establish additional
information regarding the.nucleation characteristics of upper bainite
and Widmanstatten ferrite. In addition quantitative metallography was
used to derive information regarding the extent of the isothermal
Widmanstatten ferrite reaction. The advantage of using a model steel of
the same composition as the weld metals previously investigated was
principaii§‘that it removed any restrictions regarding austenite grain
size. By using very large austenite grain sizes (circa 500um) ,
impingement effects were minimised. However, the overall reaction
kinetics at the two selected temperatures (520°C and 650°C) were still
such that the reactions began immediately.

The microstructures observed after transformations at 520°C and
L50°C for 5 seconds in Alloy J are shown in Figs. 5.15 (al(b) and (@
respectively. The Widmanstatten ferrite morphology has been described
adequately in the previous section and Chapter 2. For both the
Widmanstatten morphology and the upper bainite microstructure}growth had
usually only occurred into one grain, eg. Fig 5.15 @ and (c), consistent wntn kne classical
hypothesis (Smith, 1953), though in some cases, eg., Fig. 5.15 (b),growth
was observed into both austenite grains. Despite the high purity of the
base steel (oxygen level 50 ppm, sulphur below the limit of detéction),
inclusion nucleation of intragranular ferrite was observed in one
instance,as shown in Fig.5.15(d) at the higher reaction temperature.

In the case of the upper bainite microstructure/it was impossible
to assess accurately the extent of the bainitic ferrite reaction before

carbide precipitation took place. However at the latest stage of the
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Fig.5.15 Further microstructural observations of upper bainite
microstructure (Figs. 5.15 (a) (b)) and Widmanstatten ferrite

microstructures (Figs. 5.15 (c), (d)). Alloy J, heat treatment at 520°C
and 650°C for 5 seconds respectively.

L ALLOY T - 013% C, 0:35% Si, 119 % Mn 0-25 Mo, |
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reaction/when only retained austenite was detected (10 seconds at
520°C))transmission electron microscopy indicated that the width of the
bainitic ferrite/ retained austenite components was approximately 4:1
indicating a volume fraction of bainitic ferrite of 80%. In this
miérostructure)there were no large residual austenite areas as described
by Bhadeshia and Edmonds (1979).

The higher reaction temperature corresponded closely to the bay
observed in the reaction finish curve for the two welds examined in the
previous section. Quantitative metallography was used to estimate the
volume fraction of ferrite at various stages of transformation; the
results ;fé.sﬁmmarised in Fig.5.16, where it is evident that even after
prolonged holding the reaction is not complete - consistent with the bay
reported dilatometrically. After forty eight hours the volume fraction

of ferrite corresponded to 89 * 3%.

5.3.2. CONTINUOUS COOLING INVESTIGATION

High speed dilatometry was used to study the continuous cooling
kinetics of the weld deposits (SA 3 and SA 6) containing different
oxygen levels. Initially,the re-austenitisation characteristics of the
two welds were established and are summarised in Fig.5.17. To reflect
the difference in austenite grain size of the as-deposited structures,
10 minutes at 1310°C was selected as a solution treatment temperature.
This produced austenite grain sizes of 65 um and 115 um respectively in
welds SA 3 and SA 6. The dilatometric study of these two welds is
summarised in Fig.5.18, where the two continuous cooling diagrams
(C.C.T.) for welds SA 3 and SA 6 are superimposed. The 5%, 50% and 95%
transformation lines are represented, and typical weld metal cooling

rates over the range 1.5 kJ/mm to 6.0 kJ/mm are indicated by the shaded

area.
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Fig.5.16 Isothermal transformation kinetics of Widmanstatten ferrite
at 650° C in Alloy J. After long holding times the degree of

transformation exceeds 56% Vol - that predicted by the To analysis of
Bhadeshia if the product were upper bainite.
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Fig.5.17 Reaustenisation characteristics of welds SA 3 and SA 6.
Higher oxygen deposits (8) offer more effective barriers to grain
growth than medium oxygen levels (o).
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Fig.5.18 Continuous cooling diagrams for welds with different oxygen
levels. Higher oxygen deposits (SA 3) transform at significantly
“higher temperatures than those containing medium oxygen levels (SA
6). The shaded region shows typical weld cooling rates.
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It can be seen that the high oxygen weld metal (SA 3) transforms at
significantly higher temperatures at typical weld metal cooling rates
than the medium oxygen weld metals (SA 6). At faster cooling rates (eg
those cooling rates greater than *40@/sec)}there is no difference in
the transformation start temperature observed. This trend is consistent
with previous work reported by Cochrane and Kirkwood (1978L and more
recently by Harrison and Farrar (1981) at one selected cooling rate.
However, it must be emphasised that, as in the original weld deposit,
there is a very significant difference in initial austenite grain size.

When'specimens from welds SA 3 and SA 6 were heat-treated to identical
grain siéé;;tﬁere was NO detectable difference in the observed start
temperature between the two welds at typical weld metal cooling rates,
contrary to thé claim of Cochrane and Kirkwood (1978).

Direct comparison with the calculated thermodynamic parameters
previously established for these welds, eg'BS,MS temperatures, indicates
that at the cooling rates of interest, the transformation range observed

experimentally occurs both above and below the calculated isothermal

bainite start temperature. This is contrary to the comment by Abson and
Dolby (1978% who claimed (but did not report) that transformation was
complete above the M; and By temperatures in typical weld materials.

In order to analyse this complex situation)the variation of volume
% transformed with time and temperature was experimentally determined at
selected cooling rates for weld SA 6. This data, derived
dilatometrically, is summarised in Table 5.1 and is the average of four
separate determinations at the same cooling rate. On the assumption
that the carbon content of the reaction product never exceeds 0.03%C,
the composition of the residual austenite can be calculated as follows,
assuming no carbide precipitation occurs:

XK _= § + Vd(;-xa)
1"Vot




Table 5.1 Typical example of the data analysed to establish the
'effective' B_ and M_ curves in Fig. 5.19. The first two columns report
the experimengal pargmeters which are the average of four separate
determinations. The carbon content (Wt%Z) of the residual austenite is
reported in column three which forms the basis of the calculated B and
M_ temperatures reported in columns five and six. The W is reporged as
the centre of the observed range since the actual start %emperature is
known to be sensitive to parameters such as austenite grain size which
cannot be accounted for in the current analysis.
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where i = average alloy composition
XX = composition of residual austenite
X = composition of reaction product
Vy = Volume fraction of reaction product
Vy = Volume fraction of residual austenite

(ie. Wy = 1-Vg )

Since the carbon content of the residual austenite changes with the
extent of transformation,6an effective or operative bainite and
martensite start temperature can be calculated at any stage of
transformation. The result of such calculations are documented in Table
5.1 and ﬁibftéd with respect to the average cooling rate in Fig.5.19.
The locus of the By and Mg lines are such that they never exceed the
actual cooling curve at any temperatures at the cooling rates
considered. Thus the observed reaction products commonly observed in
H.S.L.A. steel weld metals can, for the first time, be accurately
described as ferrite and Widmanstatten ferrite.

It is interesting to note the changes which occur in the calculated
T.T.T. curves, representing the transformation behaviour of the residual
austenite as the carbon content of the residual austenite is increased.
Such calculations for a slightly slower cooling rate (20°C/secie = 6
«J/mm) are summarised in Fig.5.20  The three curves represent carbon
contents of 0.13%C, 0.5%2C and 1.0%C at the same level of
substitutional alloying elements. The curves are progressively
suppressed,with the 'bay' regions becoming more pronounced. Further, the
incubation time becomes extremely long for both the diffusional ferrite
reactions and the bainite reactions at high carbon concentrations. 1In

this case,the calculated Mg is of the order of room temperature after

95% transformation.



%)

P
-

= ¥

= =

[a'4

o

w

(V2] wn

-4 - N

& ) ) -

e o

2 3

(] ;

w - S

> ! -

[ 4 f—] >

w oD (W)

(V,] - -—

Q < < |8

) (W) -

T,)
~

12001\
000+

g8 8 8 3
b= <3 o <& ~N
(301 3¥N1VYIdWIL
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Fig.5.20 Effect of increasing carbon content on the calculated
T.T.T.curve for the nominal composition 1.27% Mn, 0.35% sSi, 0.25%
Mo. The solid curve (=) represents the starting composition. As

separated. At high degress of enrichment ( 1% C by wt.) the
curves become completely separated (-..-..-) with the Mg
approaching ambient temperatures.
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5.4 .DISCUSSION

The results described in this chapter have identified both the
morphology and the transformation temperature ranges for the upper
bainite ‘and Widmanstatten ferrite reactions. In both the isothermal
investigation and the continuous cooling study,the calculated
thermodynamic temperatures, eg Bs,have been found to be in good
- agreement with those observed experimentally. The degree of isothermal
transformation observed at 650°C in the model steel (Alloy J) was in
reasonable agreement with the calculated value based on the work of
Bhadeshia. This value is clearly greater than that allowed if the
product Qéébubper bainite (ie formed with a full supersaturation).

The morphology of upper bainite observed (both isothermally and
under continuous cooling'heat treatments) does not resemble that
previously reported on the basis of optical microscopy by either Abson
and Dolby (1978) or Cochrane (1977). For example the 'bainite' reported
by Abson and Dolby (1978) is shown in Fig.5.21. Their claim that this
transformation product enveloped the 'acicular ferrite' microstructure
must be viewed with extreme caution,as the microstructure more closely
resembles grain boundary ferrite, as noted by Garland (1978). A further
point to note is that on the basis of the new morphological scheme
proposed by Abson and Dolby (1980) to describe weld metal
microstructures, the reaction product identified here as upper bainite
would be termed 'ferrite with aligeed M-A-C' (martensite-austenite-
carbide). 1Indeed,the actual microstructure used in that scheme
(Fig.1.3) closely resembles the microstructure termed upper bainite in
this investigation.

While the results have shown that the microstructures reported at
typical weld metal cooling rates comprise grain boundary and

Widmanstatten ferrite,it should be noted that the analysis cannot
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account for the effect of nucleation site (eg grain boundary or

inclusions) or the role of austenite grain size. These parameters will
be investigated in subsequent chapters, but on the basis of the limited
observation in this work, inclusion nucleation has been observed for the
Widmanstatten ferrite reaction and not apparently for the upper bainite
reactions. It is still unclear whether this observation reflects the
difference in kinetics observed between the two products or a
fundamental difference in the nucleation mechanisn.

The new concept of an 'effective' or 'operative' bainite start (or
martensite start) temperature which varies as a complex function of
time, teﬁﬁéfafure and composition seems a reasonable proposal on the
basis of the experimental results analysed. In principle,this procedure
can be applied to any cooling rate if accurate experimental data is
available and represents an exciting prospect for further research. At
present this seems to be the most effective method of analysing
continuous cooling data, as an analysis of the problem from first
principles is a long way off, since the locus of the effective Bs and
MS temperatures is a complex function of driving force, diffusion'
coefficients and compositions, all of which vary with time. This method
of analysis has also been able to explain the presence of martensite in
the final as-deposited microstructure (see Chapter &), since the
predicted MS temperature is close to room temperature at the highest

carbon enrichment measured.

5.5 CONCLUSIONS

1) The results detailed in this chapter have provided further
evidence to support the overall concept of two distinct 'C’ curves,
representing diffusional and displacive transformation under conditions

of isothermal heat treatment.
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2) The classic morphologies of upper bainite and Widmanstatten

ferrite have been established and the observed transformation ranges
under conditions of isothermal heat treatment are in good agreement with '
the calculated thermodynamic parameters proposed by Bhadeshia (1981.1)
3) The microstructure observed at typical weld metal coolipg
rates previously termed acicular ferrite has been shown to form entirely

above an effective bainite start temperature calculated on the basis of

the thermodynamic parameters previously discussed.
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CHAPTER 6

L3

THE NATURE OF ACICULAR FERRITE IN H.S.L.A. STEEL WELD METALS

6.1 INTRODUCTION

In this chapter the nature of the fine interlocking acicular ferrite
microstructure in H.S.L.A. steel weld metals is investigated. The
literatgre concerned specifically with the deveiopment of this
.microstrﬁctgrg,will be reviewed and the various models proposed to account
for its formation discussed.

The experimental work deals specifically with the development of an
acicular ferrite microstructure in two manual metal arc welds (MMA 1,3).;
however, the same characteristics were established in all the manual metal
arc deposits and submerged arc welds considered in this investigation.

6.2 LITERATURE REVIEW

This section will review the literature which deals with the nature
and development of the microstructural component commonly called acicular
ferrite. The extensive work which deals witﬂ the relationship of this
constituent to mechanical properties has been discussed in Chapter 4.

Widgery (1974), Watson (1980) and Harrison et al.,(1981) have all
noted the confusion in the literature regarding the terminology used to
describe this reaction product. As Watson (1980) has noted, this has
resulted in the terms Widmanstatten ferrite, fine ferrite, bainitic
ferrite, massive ferrite, upper béinite, lower bainite, granular bainite,
lath martensite and massive martensite all being used to describe the same

product}which in this text is termed acicular ferrite.
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The work of Ito and Nakanishi in 1976 represents an important
milestone in the welding literature. As well as including an excellent
and comprehensive study of the effects of the major alloying elements in
submerged arc weld metals, they detailed a unique relationship linking the
oxygen content of the weld deposit to its microstructure and toughness.
This has become known as 'the oxygen effect'. They observed a peak in
toughness at approximately 200ppm of oxygen,corresponding to the
development of an acicular ferrite (called fine ferrite by Ito and
Nakanishi) microstructure. Both above and below’ this optimum oxygen level,
un@esiraﬁle microstructuralcompodents are prevalent. Though they gave very
little microétéucéural explanation for this effect, they did propose that
oxygen was in some way affecting the hardenability of the weld deposit.

| The experimental work of Ito and Nakanashi formed the basis on
which several theories have subsequently developed to account for the so -

called "oxygen effect” , Three main theories have developed to account for

the formation of the fine interlocking acicular ferrite microstructure, and
these theories are described below.

Abson and Dolby, in their in review in 1978, proposed three regions of
behaviour, depending on the oxygen content of the weld deposit. These are
summarised in Figs 6.1 (a) (b) (c) and refer to

(a) Low oxygen weld metal (0.01%)

(b) Medium oxygen weld metal (0.03 - 0.04%)

(c) High oxygen weld metal (0.06 %)
Using these schematic C.C.T. diagrams (Figure 6.1), they proposed that the
oxygen content was affecting the hardenability of the higher ferrite
transformation products in a complex manner. In both high and low oxygen

regimes)ferrite sideplates were found to be the predominant microstructure,

this being indicated by a shift in the 'ferrite sideplate phase field'
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being moved to shorter times. In addition,they invoked the idea of
inclusion nucleation of the acicular ferrite phase in the medium oxygen
regime. In the other regimes,high and low oxygen, the inclusions were
termed to be 'ineffective' and 'insufficient’', but no explanation could be
offered to explain why the acicular ferrite microstructure developed.only
over a limited range of oxygen contents. They further postulated that the
.inclusion type and size distribution could be important factors in
controlling the final transformation microstructure.

Further work by Abson et al (1978) confirmed the overall behaviour of
the three oxygen regimes. However, in this investigation,neither the
.inelusion tyéé.of the relevant inclusion size distribution had been
established. Watson (1980) has pointed out that this investigation did not
succeed in separating the effects of oxygen, cooling rate and possible
variations in prior austenite grain size, which all have a complex role to
play in controlling  the development of Ehe £inal Microstruckure ,

Kirkwood (1978) and subsequently Cochrane and Kirkwood (1978) studied
the so-called 'oxygen effect' in both shielded arc and submerged arc weld
deposits. The work of Kirkwood (1978) confirmed the work of Ito and
Nakanishi (1976),in that high oxygen deposits were associated with poor
microstructure and toughness and also showed that nitrogen was not a
contributing factor,K Cochrane and kirkwood (1978) showed, using high speed
dilatometry, that during the ¥ to« transformation, high oxygen weld metals
transformed at significantly higher temperatures than those weld deposits
containing lower oxygen levels. They further proposed that this was due to
preferential nucleation of ferrite side plates on large inclusions in the
prior austenite grain boundaries. They introduced a schematic model to
account for this and concluded that the inclusion size distribution and the

surface energy of the inclusion /matrix interface were important factors.
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Two main criticisms may be made of these claims. Firstly, the
importance of the smaller austenite grain size (which they observed in the
high oxygen welds) in determing the austenite to ferrite transformation
temperature itself was overlooked. Secondly,the claim that during their
dilatometric investigation a constant ¥ grain size had been achieved must
be viewed with suspicion . Reaustenitising high and medium oxygen weld
metals for the same time and temperature is unlikely to produce the same
austenite grain size. Indeed, the effective pinning of grain boundaries
by large inclusions is central to their main argument.

The discussion session following the conference where these two
Atheories Weré brbposed provided insight into the development of
microstructure. Cochrane (1978), in a written contribution, documented

further evidence to support the . claim that it was the preferential

nucleation of ferrite on inclusions in austenite boundaries which was
responsible for the higher transformation temperature observed in high
oxygen weld metal. He further claimed that the development of the acicular
ferrite microstructure could be adequately covered by the theories of
homogeneous nucleation and refuted the claim that there was a one to one
correspondence between the number of inclusioas and the number of ferrite
laths, claiming there were insufficient inclusions.

It was at this stage that the current investigation commenced in an
attempt to resolve the question posed by Abson and Dolby in their
reappraisal of weld metal microstructures (1978):

'"Why does acicular ferrite arise in weld metals only over a
restricted range of oxygen contents' ?

In addition, there remained several other questions to be resolved in
that the nature of acicular ferrite microstructure itself had not been

clearly established. In the previous investigations discussed, the authors
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had speculated that the inclusion type could be an important factor in
terms of inclusion nucleation of the ferrite component. However, no
identification of the inclusions present in the welds examined had been
carried out in any of these studies.

The third proposal regarding the development'of an acicular ferrite
microstructure was presented by Watson (1980)) who criticised the work of
both Abson (1978) and Cochrane (1978))claiming that they had not
satisfactorily accounted for the small variations in alloying elements in
their experimental work. Further, he pointed to the fact that no direct
evidence to support their claims had been presented. He concluded that

-a;icular ferrife‘was a form of granular bainite as described by Habraken
and Economopoulos (1967). 1In this manner, the microétructure is considered
to develop because a dehomogenisation occurs before the Bs is reached
leading to carbon enriched areas. Thus the nucleation of 'ferrite' then
occurs in the same manner as the formation of martensite in carbon free
alloys. He further proposed that this can account for the high dislocation
density observed in the acicular ferrite component and the nature of the so
called microphase regions.

More recent work of this school (Farrar and Watson, (1979)) proposes
that the main factor controlling the development of an acicular ferrite
microstructure is the manganese level in the weld deposit. Specifically,
they claim that a threshold value of 1.1% Mn exists in the weld metal
matrix below which an acicular ferrite microstructure will not develop.

However, the results of recent thermodynamic analysis (eg'Bhadeshia
(1979)), would strongly refute this as a possible mechanism for a bainite
reaction. Further, the acicular ferrite microstructure does not resemble

the reaction products described by Habraken and Ecomomopoulos (1967).
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Summarising, the three theories which have been proposed to account
for the development of an acicular ferrite microstructure are,

1) Abson & Dolby - Inclusion nucleation of acicular ferrite,

(1978)

2) Cochrane - Homogeneous nucleation of acicular ferrite,
(1978)

3) Watson . - Formation of acicular ferrite by a mechanism similar
(1980) to that of granular bainite -% Mn being a controlling

factor, .

6.3 NUCLEATION THEORY

6.3.1.Introduction.

In this section, classical nucleation theory will be used to consider
the effects of spherical inclusions on the nucleation of ferrite The notaton

for free Cnerqy_ 0 _Lhus chapter follows bthat of Tohason ek ol C1a75),

6.3.2. Solid State Nucleation

The nucleation barrier which must be overcome before a stable nucleus
of ferrite may be formed, for the homogeneous nucleation of ferrite in

austenite may be written as -

*
A Ghunf = 16w (3&

. 3 AG,
where :-= A Gh/unf = nucleation barrier for homogenous nucleation of
an unfaceted nucleus.
SGWM‘ = Surface energy of the austenite/ferrite
interphase boundary.
AG = Volume free energy change associated with the

formation of ferrite from austenite.
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The formation of a critical nucleus involves the random addition of
atoms to an already energetically unfavourable situation, hence it is clear
that the nucleus shape with the lowest surface to volume ratio will reach
the critical size preferentially and become stable. Johnson et al (1975)
investigated the effects of both faceting the nucleus and incorporating it
into grain boundaries of the parent phase, on the magnitude of[&G* .

*
These results were normalised with respect toAG and then

hiunf -

compared to determine the probable shape of a critical nucleus In the

following sectioq)the same geometrical approach will be used to calculate
*.

the AG for the formation of a stable ferrite nucleus on a spherical

inclusion.

*
6.3.3._Derivation of AG for nucleation of ferrite on spherical inclusions.

In this derivationyinclusions will be considered as hard, inert
non-deformable substrates on which nucleation can take place. Fig. 6.2
shows a schematic illustration of a ferrite nuclei formed on a spherical
inclusion. The inclusion will be assumed to be inert with no epitaxial
growth occurring between the inclusion and the ferrite nucleus (this will
be considered in Chapter 8). The boundary between the ferrite nucleus and
the inclusion will be taken as disordered, and of similar energy to a
disordered austenite/ferrite boundary. Simple consideration of the surface
energy balance at the austenite ferrite inclusion triple point indicates
that under the conditions outlined above, the angle formed by the austenite
ferrite interface and the inclusion surface will be a right angle.

The volume of the nucleus shape shown in Fig.6.2 will be given by

Vo= Ve - (Vcl + Vc2)
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Fig.6.2 Schematic diagram showing the model used to
nucleation of ferrite on weld metal inclusions.
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where

V_ = Volume of sphere of radius R, where R is the radius of the
s

nucleus
Y 1 = Volume of spherical segment due to sectioning of the nucleus
o
ch = Volume of spherical segment due to intrusion into nucleus

Using appropriate formulae thlS glves

Vl—4T\'R3 [111’1{ f@) +/(13 f(ﬂ\ "
13 (¥)
J.x\,L -

where I 1nclu31on radius 2

R = nucleus radius
Y 8 as shown in Figure 6.2.

£(8) =2 - 3 cos (¥9) + cos® (V,8) e
(see Johnson et al (1975))

The surface area of the nucleus is given by

A = AS - ACl + AC2
where
As = surface area of sphere of radius R
ACl = surface area of nucleus lost due to sectioning.
Ac2 = surface area of nucleus in contact with inclusion.

Thus the actual surface area increase created in forming the nucleus

is

where

>
]

3 area of boundary between austenite and inclusion lost in
forming the nucleus.
Since it is assumed O/B’IIHC = <{°‘/IOC
whereék/H1C==Surface energy between austenite and inclusion.
5L/H\C= Surface energy between ferrite and inclusion

it follows that
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st - Ag - A
Again, using appropriate formulae this gives S(1)=4TYR2- 27 R2(1-cos 9 )

These formulae enable the free energy change associated with the
formation of the nucleus to be calculated

AG iac/unf = VlAGV + slgxm (1)
where the subscript inc and unf refer to 'inciusion' and 'unfaceted'
respectively.

Figure 6.3 shows a plot of A G . inc/unf as a function of nucleus
radius calculated usingbtypical values of I, AGV and 6:14 (see Figure
caption); It is clear that as the radius increases, A G 'nc /unf first
iﬁcreases, reééhés a maximum and finally decreases. The maximum positive
value of AG. w¢/unf is the barrier to nucleation, A G* nclunf

The nucleation barrier Q&G*) may be obtained by differentiating
equation (1) with respect to R, equating to zero and substituting this
value of R in equation (1).

Figure 6.4 shows the variation of AG* inc /unf as a function of
inciusion radius (I) (the values have been normalised tol&G* h/unf . The
shape of this curve is such that at small inclusion radii, the nucleation
barrier is similar to that for homogeneous nucleation. As I increases,the
inclusions become more effective sites for nucleation and the value of A(E*
inc funf decreases. It must be noted, however, that this value never
reaches that associated with grain boundary nucleation, which is shown in
Figure 6.4 for comparison purposes.

A similar analysis may also be performed for the derivation of the
nucleation barrier for a faceted nucleus on an inclusion shown
schematically in Figure 6.5. Facets will generally occur when an

orientation relationship develops between the austenite and ferrite and
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Fig.6.3. Plot of free energy barrier change for nucleation for an
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will reduce the energy barrier to nucleation. For the case of a faceted
nucleus on a spherical inclusion the following relationships are used to
obtain A ¥ L e,

u - EVS - vcl * Vc2 * Vc3 )
where VC3 = Volume of nucleus lost by the formation of the facet.

The volume Vc3 will be defined by the ratio of surface energies of the

facet and the disordered ¥/# boundaries. If this ratio is known, then
o -G %
3 Ve TR o) <Al __ o

i 4 = D v
where f (B) = 2 - 3 cos?® @ ’/5:07 f ;/:5 "
§ vix 90 fU

and cos B =
: = e wia
where Op ¥/X = Surface energy of facet

The increase in surface area associated with the formation of a

faceted nucleus on an inclusion is given by

2 = P -+
ol & As Ho1 Ac4 ' Af
where Ac4 = area of sphere lost by forming a facet
A, = area of facet o Ty

using standard formulae this gives

~

52 =WR? | 4 - 2(l~cos®) - 2 (l-cos®) + (1-cos#)
L.

Thus the values of AG associated with the formati faceted
nucleus on an inclusion may be written as
AG e /f = V"z". AGV + (8% - Af)Kx/on + A {F &l
This function has the same form as that shown in Fig.6.3. The
value of AGic inc /£, again normalised toAG* h/uaf is shown in Fig.6.6 as a
function of inclusion radius I. The addition of a facet to the nucleus
considerably lowers the value of a G* but never reaches that of grain

boundary nucleation.

The results of this analysis may be summarised as follows:-
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Fig.6.5 Schematic diagram showing the model used to analyse the

nucleation of ferrite on weld metal inelusions.

In this case a faceted
nucleus is considered.
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Fig.6.6 Plot of the normalised energy barrjer to nucleation for a
faceted ferrite nucleus on an inclusion (A G inc/f.). For comparison

purposes the relative energy barr*iers to nucleation on austenite grain
boundaries are also indicated (a6 g.b/f.).
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1) Irrespective of the radius of the inclusion, the nucleation barrier
associated with inclusion nucleation is always lesé than that for
homogeneous nucleation,but greater than that for the formation of an
equivalent -grain boundary nucleus -

2) The formation of a facet on the ferrite nucleus will reduce the energy
barrier for inclusion nucleation in the same manner as that for grain
boundary and homogeneous nucleation described by Johnson et al (1975).

6.3.4. SYMPATHETIC NUCLEATION

The previous section has established the main geometrical factors

governing inclusion nucleation of intragranular ferrite. It is also
Vigstructive tb'sbeculate that if inclusion nucleation of ferrite does
occur, a new interface has been created in the intragranular regions. It
seems likely that this austenite/ferrite interface could also become an
active nucleation site for the further ferrite transformation in the manner
identified by Aaronson (1956) and subsequently (1962).

He defined a process of SYMPATHETIC NUCLEATION as "the nucleation of a
precipitate crystal at the interphase boundary of a previously formed
crystal of the same phase".‘ The criteria which must be established to
uniquely identify the operation of this mechanism in a given system are as
follows.

1) The grain considered must not be in contact with a grain boundary in
the parent phase.

2) The spatial distribution of the sympathetically nucleated feature
must be such as to preclude the possibility that the plane of section has

concealed a grain boundary in the parent phase.
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3) The boundary which separates the sympathetically nucleated plate and £he

parent substrate must not have risen by a process of polygonisation within
a single crystal.

While .noting that sympathetic nucleation occurred most frequently with
Widmanstatten morphology in both non-ferrous (eg. Ti - 7%Cr) and ferrous
systems, he outlined briefly the criteria for sympathetic nucleation of
Widmanstatten ferrite. Summarising, the most likely situation leading to
this configuration would be if the sympathetically nucleated ferrite formed
at a high enérgy facet on the austenite/ferrite,boundary,creating a low

energy ferrite/ferrite boundary.

6.4 EXPERIMENTAL PROCEDURE

This chapter deals with two manual metal arc weld deposits, MMA 1 and
MMA 3, which were deposited using a Tensitrode 55 basic low hydrogen
electrode at a heat input of 1.5 kJYmm; Weld MMA 1 was allowed to cool
naturally to room temperature,whereas weld MMA 3 was quenched into
iced-brine immediately welding was complete,in order that the sequence of

microstructural development could be followed.
6.5 RESULTS

6.5.1. The nature of acicular ferrite

The fully transformed microstructure of weld MMA 1 is shown in Figure
6.7. Proeutectoid ferrite has formed on the prior austenite grain
boundaries (arrowed in Figure 6.7), whilst the interior of the austenite
grains comprise the fine interlocking constituent which has been termed

acicular ferrite.
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Transmission electron microscopy of thin foil specimens indicated that
the acicular ferrite constituent comprised fine ferrite plates,as shown in
Fig.6.8 (a prior austenite grain boundary is arrowed where coarse grain
boundary allotriomorphs can also be seen). Fig. 6.9 shows that individual
laths contained a relatively high dislocation density and some recovery of
the dislocation sub-structure has occurred (eg. at A in Figure 6.9). No
evidence of carbide precipitation was observed either within the laths
themselves, or at the lath boundaries. Evidence for carbon enrichment of
the untransformed austenite was provided by the ‘observations of
ferrite/éarbide aggregate regions as indicated in Fig. 6.10. These areas
closely resemﬂie £he morphology of degenerate pearlite found in a number of
isothermally transformed steels eg Ohmori and Honeycombe (1971).

6.5.2 The nucleation of acicular ferrite

Fig. 6.11 shows the partially transformed (MMA 3) microstructure
produced by ice-brine quenching. Again, proeutectoid ferrite has formed on
the austenite grain boundaries (arrowed% whilst the interior of the
austenite grains are now seen to contain isolated intragranular ferrite
plates (eg. at A) in a martensitic matrix, which was formed during the
quench. Carbon extraction replicas from this region show clearly there is
an apparent association between the intragranulér ferrite and weld
inclusions. Figs. 6;12 and 6.13 show examples where intragranular ferrite

plates are associated with one (Fig.6.12) and two (Fig.6.13) weld metal
inclusions. The nature of similar inclusions will be discussed extensively
in Chaptervl but the general characteristics are summarised in Figs. 6.14
(a) and (b), which show typical spectra obtained from the centre and
periphery of the inclusions)indicating they are mixed oxides of Al, Mn,

Si, Ti with an outer coating rich in sulphur,



Fig.6.9 Transmission electron micrograph illustrating the relatively
high dislocation density of the ferrite constituent in weld MMA 1.

Fig.é.lO Transmission electron micrograph showing the morphology of
ferrite/carbide aggregate in weld MMA 1.



Fig.6.11 Light optical micrograph of the partially transformed weld
metal. Proeutectoid ferrite has formed on the austenite grain
boundaries (arrowed). Nucleation of intragranular Widmanstitten ferrite
has also occurred (e.g. at A) and a close association between this
ferrite and the weld metal inclusions is often observed (e.g. at B).
Within one austenite grain there appeared no obvious relationship
between nucleation sites ‘and the solidification structure (as revealed
by solute sensitive etches) or to the direction of maximum heat
extraction.
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Fig.6.12 Transmission electron micrograph illustrating the association
between weld metal inclusions and Widmanstitten plates.

Fig.6.13 Transmission electron micrograph illustrating the association
between two weld metal inclusions and Widmanstdtten plates.
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Fig.6.14 Typical X-ray spectra from a single inclusion using a 10 am
probe.

(a) Spectra from the centre of the inclusion. The major peaks present
are Al, Si, S, Ti and Mn. The Cu peak arises from the support grid and
is not characteristic of the inclusion.

(b) Spectra from the edge of the same inclusion. Although the same
peaks are still present, their relative magnitudes have changed. From

these and other similar spectra, it is suggested that the periphery of
the inclusion is rich in sulphide.
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Examination of the partially transformed regions revealed the presence
of both retained austenite (Fig.6.15) and twinned martensite (Figure 6.16),
which suggest during the growth of acicular ferrite, significant carbon
enrichment -of the untransformed austenite occurs. The morphology of these
intragranular plates strongly resemble intragranular Widmanstatten plates
reported by Aaronson (1962), who noted that such plates were also frequently
inclusion nucleated. They are not characteristic of intragranular bainite
plates which Aaronson also reported, which had typically a sheaf structure.

The association between the intragranularly nucleated Widmanstatten
plates and weld metal inclusions was confirmed using transmission electron

4microscopy of fhin foil specimens. Figs. 6.17 and 6.18 show clearly that
Widmanstatten ferrite plates have nucleated on both one and two inclusions,

In many instances, however, it was found that multiple ferrite
nucleation occurredakmxinclusion)as shown in Fig.6.17, where a single
inclusion has nucleated plates a,b,c,whilst in Figure 6.18Jfour
Widmanstatten plates (a-d) are seen to radiate from two closely spaced
inclusions. This latter image closely resembles the 'Widmanstatten Star'
reported by Aaronson and Wells (1956). In some cases, the nucleation of
ferrite close to inclusions had occurred not on the inclusion/austenite
interface)but on existing ferrite laths. This is shown in Figs 6.19 (a)
and (b) which show a bright field (a) and dark field (b) image of such a
plate.

Since these inclusions have been shown to be manganese and silicon
rich,it might be expected that the adjacent austenite might be lower than
that well removed from the inclusions. This in turn could lead to a change
in the driving force for ferrite nucleation at the inclusion. Application
of S.T.E.M./E.D.S. techniques show that no detectable variation in either

Mn or Si levels are present. The results of a typical analysis are shown
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Fig. 6.17 Composite electron micrograph illustrating inclusion
nucleation of Widmanstdtten ferrite. For discussion see text.

Fig.6.18 Composite electron micrograph illustrating association between

two weld metal inclusions and Widmanstdtten ferrite. For discussion see
text.
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Fig.6.19 Transmission electron micrographs illustrating nucleation of
Widmanstatten ferrite in close association wi

In this case the plate appears to have nucleated on an existing ferrite
lath - which itself was probably inclusion nucleated.

(a) Bright field image.

(b) Dark field image.

th a weld metal inclusion.
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in Fig. 6.20,which detailsthe manganese and silicon profiles up to the
inclusion illustrated in Fig 6.17.

In addition to the nucleation of intragranular ferrite on inclusions,
it was found that ferrite plates developed from pre-existing inclusipn
nucleated Widmanstatten ferrite (ie. Ferrite could be sympathetically
nucleated)as discussed by Aaronson and Wells (1956). Examination of
Fig.6.18 in the region D reveals a number of sympathetically nucleated
ferrite laths, as shown in Fig.6.21. Further examples of sympathetically
nucleated plates are shown in Figs. 6.12 and 6.13.

The determination of the crystallography of the intragranular ferrite

4piate was far from straightforward,as this required the retention of
austenite at room temperature. The use of inter-lath retained austenite in
martensite laths in determining ferrite orientation relationship is now
well established eg. Thomas (1973). However, in the welds examined in this
investigationyno inter-lath austenite was found in the martensite, due
probably to the relatively slow quench rate and the high proportion of
auto-tempered martensite present. Films of retained austenite were
detected in very few cases between ferrite ﬁlates,as shown in Fig. 6.22 (a)
and (b)which are bright and austenite centred darkfields using an (002)
reflection. The corresponding diffraction pattern is shown in Fig. 6.22
(c), which show that the intragranular plates have a Kurdjumov - Sachs
(1930) orientation with the parent austenite.

Though much controversy surrounds the mechanism of growth of
Widmanstatten ferrite (see Chapter 2) it is interesting to note that
features compatible with its growth by both a shear and a diffusional
mechanism were observed. Stepped growth interfaces were frequently
observed between the acicular ferrite and the austenite or martensite

regions}as shown in Figure 6.15. Similar evidence has previously been



::II_L_‘L "

i
|

:4 _"l' _'_I' Si

DISTANCE (MICRONS)

Fig.6.20 Manganese and silicon concentration profiles away from the
inclusion detailed in Fig.6.17. No depletien  of either Mn or Si is
observed in the immediate area of the inclusion.
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Fig.6.21 Transmission electron micrograph illustrating sympathetic
nucleation of Widmanstitten ferrite. The lower ferrite plate refers to
the region D from Fig.6.18.
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Fig.6.22 Transmission electron micrograph of Widmanstatten ferrite
plates in weld SA 3.

(a) Bright field image

(b) Intralath film of retained austenite.
002 centred dark field.

(c) Corresponding diffraction pattern.

(d) Solution to (c)
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interpreted, eg Kinsman et al (1975), as indicati?e of a ledge mechanism
operating during the growth stage. Less frequently, the intragranular
plates were observed to have a sub-grain boundary down the centre of of the
plates (eg.« Figure 6.18), which is a morphological feature which Bhadeshia
(1981.1) has observed ﬁhen the Widmanstatten plates are considered to form

by a process involving shear.

6.6 DISCUSSION

The thermodynamic analysis and dilatometric work detailed in the
previous chapter, together with the morphological evidence presented in the
'p£evious sectién;have shown that the acicular ferrite constituent of weld
metal microstructure is comprised of intragranularly nucleated
Widmanstatten ferrite. The pPrimary nucleation sites are refractory
inclusions. The fine interlocking microstructure which is characteristic
of acicular ferrite may then be related to the subsequent multiple
sympathetic nucleation events.

In general, inclusions may promote the intfagranular nucleation of
ferrite in three ways:
1) by affecting the local chemistry of th<ns1:XMLFault xmlns:ns1="http://cxf.apache.org/bindings/xformat"><ns1:faultstring xmlns:ns1="http://cxf.apache.org/bindings/xformat">java.lang.OutOfMemoryError: Java heap space</ns1:faultstring></ns1:XMLFault>