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Abstract

This work deals with the modelling of microstructural development in steel welds as a
‘fur-xction of their chemical composition, welding conditions and non-metallié inclusion content.
Theory has been developed to deal with a variety of phase transfopmati{bns'that occur when
~ austenite is cooled into a regime Wheré it is not stable. This theofy is Quite‘generdl and has
| wide applicability, for example, to wrought as well as welded steels. r'I‘he thesis begins with
a review of the mechanisms of transformation in steels-and a desé:ription of existing kinetic
theory, with emphasis on the welding process including the role of non-metallic inclusions.

It was discovered at an early stage that conventional ‘Johnson-Mehl-Avrami’ theory for
estimatin»g the evolution of microstructure has limitations since it is formulated for reactions
occurriﬁg in isolation. Transformations in practice frequently occur simultaneously, with the
variety of product phases interacting and consequently influencing the course of reaction. To
deal with this problem, the Avrami approach has been developed to enable better modelling
of the decomposition of austenite into a variety of fransformation products, including allotri-
omorphic and idiomorphic ferrite, Widmanstatten ferrite, bainite, acicular ferrite and pearlite.
This general theory is in fact applicable to any transformation system. It has been possible,
using this modified theory, to explain a number of published experimental data on transfor-
mations in steels, including the recent innovation of inoculating wrought steels with particles
to provide heterogeneous nucleation sites additional to the austenite grain surfaces.

The many ways in which non-metallic inclusions inﬂuénce the nucleation of ferrite have,
for the first time, been incorporated quantitatively into a model which permits the importance
of different mechanisms to be assessed, and their interactions monitored.A It has been possible
to demonstrate that frequent claims about ‘criticé.l inclusion size’, of othér claims about par-
ticular mechanisms, cannot be sustained in general since inclusion effects often depend on a
combination of factors. ‘ |

Experimental studies on steel line-pipe welds have revealed that the'phaSe designated
‘acicular ferrite’ is intragranularly nucleated bainite. It appears to grow without diffusion at
temperatures below the thermodynamically calculated bainite start temperature. The effect of
trace additions of boron on the formation of austenite during heating has been characterised.
As expected, the boron retards the transformation during heating, though the effects diminish
as transformation progresses since the rate of transformation is extremely rapid at high temper-
atures. The transformation from austenite in boron containing steels has revealed systematic

variations during repeated experiments, variations which are not yet fully understood.
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CHAPTER ONE
The Physical Metallurgy of Steel Welds

This chapter provides an introduction to this thesis. It includes a brief description of the
fusion welding of steels and submerged-arc welding in particular. The nature of the austenite

to ferrite phase transformation in wrought and welded steels is also discussed.



CHAPTER ONE — The Physical Metallurgy of Steel Welds

1.1 Welding

Fusion welding is the joining of materials, usually metals or plastics, by réising the temper-
ature of the joint so that melting occurs which allows a strong bond td form upon solidification.
The fusion welding of steel involves the deposition of a small quantity of molten steel within a
space befween the componénts to be joined. The joint is formed When the steel solidifies.

The welded joint can be divided into two essential metallurgical regions (Figure v1.1). The
fusion zone (weld metal) consists of both the deposited steel and those parts of the parent plate

" (i.e. the steel compoﬁents that were joined) that were melted during welding. The other major
part of the welded joint is the heat-affected zone (HAZ), which consists of those parts of the
parent plate where the energy input during welding changes the microstructure without melting
the steel. A consequence of this complexity is that as the weld cools to room temperature a
series‘of phase transformations occur in both the fusion zone and the HAZ. This project is
concerned with the modelling of solid-state transformations in the fusion zone, so as to predict
the final microstructure obtained at ambient temperatures. However, many of the ideas and

models developed in this thesis are applicable to materials in general.

Figure 1.1 Photomicrograph of a submerged-arc weld deposit. One pass was made on each
side of the weld. The plate is 19 mm thick.

The joining of two large components often requires the application of a sequence of weld
deposits which further complicates the microstructure (Figure 1.2). In such multi-run welds
the fusion zone is categorised into two parts, the as-deposited or primary microstructure and
the reheated or secondary microstructure. The latter represents regions reheated to cause

significant further microstructural change. The reheated zone may contain regions fully or

2



CHAPTER ONE — The Physical Metalldrgy of Steel Welds

Figure 1.2 Photomicrograph of a multi-run weld (Reed, 1990).

partially reaustenitised and regions which are only tempered.

1.2° Arc Welding

In arc welding a high energy electrical arc, consisting of ionised atoms and free electrons,
is created between an electrode and the piece to be welded. The very high temperatures
reached in the arc (~ 10000 °C ) cause a molten weld pool to form, which is protected from
the atmosphere by a shielding system. In several forms of arc welding the electrode is actually
designed to melt in the arc, thereby entering the weld pool to form a new alloy (Easterling,
1992).

Submerged-arc welding was developed to increase productivity and automation (Svensson,
1994). Very high currents can be used, permitting greater welding speeds whilst maintaining
reproducibility and thus quality (Figure 1.3). A hopper precedes the arc, laying a powdered flux
along the intended weld line. The flux is usually composed of various silicates and metal oxides,
which melt during the welding process to form a protective layer between the atmosphere and
the molten weld pool. The welding wire is submerged in this layer of flux and the arc is
ignited. The as-deposited weld metal is formed from the welding wire, the parenﬁ material
and trace additions from the flux. By carefully controlling the composition of the Welding
wire; the parent plate and the flux, together with the cooling rate, it is possible to control the

microstructure and mechanical properties of the weld.

1.8 Phase Transformations in Steels and the Fusioh Zone

The astonishing versatility of steel is due primarily to the two allotropes of iron found

3



CHAPTER ONE — The Physical Metallurgy of Steel Welds

Welding wire .
Powdered flux

Electrical
contact BB

Welding direction

s

Molten slag
Electrical arc

Solidified weld metal

Figure 1.3 Schematic of the submerged-arc welding process.

at atmospheric pressure. This offers an enormous range of microstructural possibilities. Pure
iron experiences two changes in crystal structure after solidification. The first phase to form
on cooling is body centred cubic (b.c.c.) 6é-ferrite at 1548 °C, followed at 1394 °C by face
centred cubic (f.c.c.) 7y-austenite. Cooling below 911 °C then causes a retransformation to
the b.c.c. structure called a-ferrite, which remains stable to ambient temperatures. Phase
tréhsformations in low alloy steels are similar to those in pure iron. However, with appropriate
alloying the f.c.c. y-austenite becomes more stable than the b.c.c. é-ferrite, and can be the first
phase to form upon solidification. The austenite to a-ferrite phase transformation is of vital
industrial importance because it controls the room temperature microstructure, and thereby

the mechanical properties.

Steel microstructures (Figure 1.4) can be classified according to the mechanism by which
they form; reconstructive or displacive (Bhadeshia, 1992). Reconstructive transformations in-
volve the diffusional flow of solute and solvent atoms to create a new lattice structure. The
reconstructive transformation product of primary interest in low-alloy steel welds is allotri-

omorphic ferrite, although idiomorphic ferrite and pearlite can form in some welds. Displacive
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CHAPTER ONE — The Physical Metallurgy of Steel Welds

transformations occur at greater undercoolings when the thermodynamic driving force is suf-
ficiently large to permit a homogeneous deformation of the austenite lattice. The following
displacive transformation products are found in steels; Widmanstétten ferrite, bainité, acicular
ferrite and martensite. At high temperature the thermodynamic driving force for transforma-
tion is small so that Widmanstétten ferrite grows by a displacive mechanism in which carbon
atoms are partitioned. When the thermodynamic driving force is very large, martensite forms
without any diffusion. At intermediate temperatures bainite and acicular ferrite form. These
two transformations, which are fundamentally the same, occur in two stages, an initial dis-
placive and diffusionless tra.nsformation event is followed by carbon diffusion. In low-alloy
steel weld metals Widmanstétten ferrite and acicular ferrite are usually the dominant dis-
placive transformation products. A small amount of austenite may also be retained at room
terhperature.

In order to attain high toughness and strength it is necessary to maximise the volume
fraction of acicular ferrite which nucleates intragranularly. This is thought to be controlled by
the nucleation potency of small non-metallic inclusions which form in the weld pool prior to
solidification, providing that other factors such as the weld metal composition, austenite grain

size and cooling rate are favourable.

1.8.1 Reconstructive Transformations

Reconstructive ferrite is the first phase to form from austenite on cooling below the Aeq
temperature (where a-ferrite first becomes thermodynamically stable), when the fhermody—
namic driving force is low and diffusivity is high. All the solute and solvent atoms diffuse
to minimise the strain energy. If the transformation is controlled by diffusidn, approximate
thermodynamic equilibrium is maintained at the interface; this is referred to as ‘local equilib-
rium’ at the interface. In a system such as Fe-X-C, where X indicates a substitutional solute,
the diffusivity of carbon is several orders of magnitude greater than that of the substitutional
atoms. To maintain the balance of flux for all species, two situations (Figure 1.5) arise, both

of which are consistent with local equilibrium at the interface (reviewed by Bhadeshia, 1985b):

(1) At low thermodynamic driving forces and hence small supersaturations, a tie line
can be chosen that ensures that the carbon concentration in the austenite at the
interface is approximately equal to that in the austenite remote from the inter-
face. This reduces the concentration gradient for carbon diffusion to almost zero
allowing the substitutional solute X to keep pace. This is known as partitioning
local equilibrium (PLE) because there is a substantial redistribution of X.

5



CHAPTER ONE — The Physical Metallurgy of Steel Welds

RECONSTRUCTIVE DISPLACIVE

Diffusion of all atoms during |: Invariant-plane strain shape
::::1 nucleation and growth. deformation with large shear
;i1 Sluggish below about 850 K. [ component. :

: No iron or substitutional-
solute diffusion. '

Thin plate shape.

WIDMANSTATTEN:
: FERRITE -

Carbon diffusion during e
(" IDIOMORPHIC :| paraequilibrium nucleation & [::
1 FERRITE :

: BAINITE & ACICULAR
MASSIVE FERRITE FERRITE

No change in bulk [ Carbon diffusion during
composition. : )| paraequilibrium nucleation. No
| diffusion during growth.

PEARLITE MARTENSITE

Cooperative growth of Diffusionless
ferrite & cementite. : nucleation & growth.

Figure 1.4 Chart showing the characteristics of the various phase transformations in steels
(Bhadeshia, 1992). ‘

(2) As the thermodynamic driving force and hence supersaturation increasés, a second
mode of ensuring mass balance becomes possible. This involves choosing a tie line
such that the substitutional concentration in the ferrite is virtually identical to that
in the austenite. This results in a lafge concentration gradient of X, permitting
it to keep pace with carbon diffusion. This is termed negligible partitioning local
equilibrium (NPLE) because the concentration of X in ferrite is virtually identical

to the alloy as a whole.

At sufficiently low temperatures the diffusion distance for X approaches atomic dimen-
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CHAPTER ONE — The Physical Metallurgy of Steel Welds

sions and the concept of local equilibrium at the interface breaks down. Transformation then
proceeds by paraequilibrium, which is a constrained equilibrium when the ratio of iron to
substitutional solute atoms remains constant everywhere, but subject to that constraint, the
carbon achieves uniformity of chemical potential.

In the rapidly cooling weld deposit it seems a reasonable assumption that ferrite grows by
a paraequilibrium transformation (Bhadeshia et al., 1985). The rate of transformation can be
controlled by the speed at which carbon atoms are partitioned into the residual austenite ahead
of the a-v interface. As carbon atoms accumulate ahead of the transformation interface the
growth rate slows down parabolically with time as the diffusion distance increases (Christian,
1975). Reconstructive or pro-eutectoid ferrite nucleates heterogeneously in steels and is found

to grow in two morphologies:

(1) Allotriomorphic ferrite nucleates heterogeneously, at austenite grain boundaries
(Figure 1.6). Growth is able to proceed rapidly along the boundafiesWhere diffu-
sivity is high. However, in weld deposits the final volume fra;ctioﬁ of allotriomor-
phic ferrite is limited by the rapidly decreasing température and solute build-up in
the residual austenite (Easteriing, 1992). The prior-austenite boundarigs are then
decorated with layers of allotriomorphic ferrite, which offer relatively easy paths
for crack propagation. In order to maximise toughness the final volume fraction
of allotriomorphic ferrite should be minimised, but, a small volume fraction is
desirable because it reduces susceptibility to embrittlement of the prior-austenite
grain boundaries (Bhadeshia and Svensson, 1993).

(2) Idiomorphic ferrite nucleates intragranularly to form equiaxed grains (Figure 1.6).
It does not form in significant quantities in modern weld metals because the cool-
ing rate is too rapid to allow extensive nucleation at intragranular sites such as
non-metallic inclusions which offer a relatively high activation energy barrier to

nucleation in comparison with the austenite grain surface.

Pearlite (Figure 1.6) also forms via a reconstructive mechanism. This lamellar mixture of
ferrite and cementite (Fe;C) nucleates at the austenite grain surface, the allotriomorphic ferrite-
,austenite interface or on inclusions. Nucleation of cementite is thermodynamically possible
when the carbon concentration of the untransformed austenite reaches that of the austenite-
cementite (A,,) phase boundary. Modern steel welds éontain a \;ery low concentration of
carbon which means that only a small quantity of degenerate pearlite forms in the rapidly

cooling weld deposit. However, lamellar pearlite may form in the later stages of transformation

7



CHAPTER ONE — The Physical Metallurgy of Steel_ Welds

«—— Carbon isoactivity line

____________ L

Concentration of X —»

(a) PLE

Carbon Concentration —»

Il‘/ Carbon isoactivity line

Concentration of X —

(b) NPLE

Carbon Concentration —»

Figure 1.5 Schematic isothermal sections of the ternary Fe-X-C phase diagram which show
ferrite growth occurring with local equilibrium at the a-v interface (adapted from Bhadeshia,
1985b); (a) growth at low supersaturations (PLE) with bulk redistribution of Mn; (b) growth
at high supersaturations (NPLE) with negligible partitioning of Mn during transformation.
The mean alloy compositions are designated ‘A’ and ‘B’ in each case. cd and ef are tie lines
(which satisfy conditions pertaining to the conservation of mass and the diffusive fluxes of X
and C) appropriate to PLE and NPLE respectively.



CHAPTER ONE — The Physical Metallurgy of Steel Welds

if the cooling rate is slow enough to allow significant carbon enrichment of the untransformed

austenite (Easterling, 1992).

Idiomorphic
ferrite

Inclusion
Austenite
grain
boundary

Pearlite

Widmanstitten

Allotriomorphic
ferrite

Bainite

Figure 1.6 Schematic of various steel microstructures.

1.3.2 Widmanstatten Ferrite

As diffusion becomes more difficult displacive transformations are kinetically favoured.
Widmanstétten ferrite is the first such displdcive transformation product to form during con-
tinuous cooling, nucleating on either allotriomorphic ferrite or at the austenite grain surfaces.

* Widmanstétten ferrite growth causes an invariant-plane strain (IPS) shape change which leaves
a plane undistorted and unrotated (Watson and McDougall, 1973). Therefore, an atomic cor-
respondence exists between the iron and substitutional elements in the parent and product
lattices. However, the diffusion of interstitial carbon atoms is a thermodynamic necessity and

carbon atoms partition to an extent which maintains a uniform chemical potential everywhere.
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CHAPTER ONE — The Physical Metallurgy of Steel Welds

The transformation is therefore a paraequilibrium reaction (Bhadeshia, 1992), with the growth
rate controlled by the diffusion of carbon in the austenite. Zener (1946) suggested that the
plate tip shape ensures that the carbon is rejected into the austenite at the sides of the plate,
so that the growth rate is constant during isothermal transformation.

The growth mechanism of Widmanstétten ferrite involves the simultaneous formation of
two plates to form a strain accommodating pair (Bhadeshia, 1981). Therefore, the strain energy
associated with the transformation is relatively small (~ 50 J mole~!). This allows displacive
transformation to occur at high temperatures (the Widmanstétten ferrite start temperature,
Wy, is the highest temperature at which growth is thermodynamically possible) where the
driving force is significantly less than that strain energy due to the formation of a single dis-
placive plate (Bhadeshia, 1992). Widmanstétten ferrite has a distinctive wedge morphology,
because the strain accommodating pairs of plates appear as one under the optical microscope
(Figure 1.6). Unfortunately, parallel packets of these wedges form, _which provide little hin-
drance to crack propagation, making it detrimental to toughness (Bodnar and Hansen, 1994b;
Bhadeshia, 1996). |

1.83.3 Bainite and Aciéular Ferrite

As the undercooling below the Ae, temperature increases, a diffusionless transformation
to b.c.c. ferrite becomes thermodynamically possible. Thus, ferrite which is supersaturated
with carbon forms by a displacive mechanism causing an IPS shape change (Ko and Cottrell,
1952). This excess carbon is found to partition after the completion of the displacive transfor-
mation event, giving rise to bainite (Hehemann, 1970; Hehemann et al., 1972). The orientation
relationship between the bainitic ferrite and the austenite is found to be close to either the
Kurdjumov-Sachs or the Nishiyama-Wassermann orientation relationships.

At high temperatures upper bainite forms, when the excess carbon diffuses out of the
bainite grain to enrich the austenite that surrounds it. Cementite (Fe;C) subsequently precip-
itates from this enriched austenite. At lower temperatures, the phase known as lower bainite
forms, when some cementite precipitates within the supersaturated bainitic ferrite due to the
reduced diffusivity of carbon, and a smaller proportion of carbon partitions into the austenite
to subsequently precipitate as in upper bainite (Figure 1.7). H(_)wever,- the precipitation of
cementite is considered to be a secondary reaction which occurs after the displacive grbwth
of the bainitic grain is completed. In some a.ﬂoys containing high concentrations of ‘silicon
or aluminium, the kinetics of cementite precipitation from austenite.are so slow that bainite
forms without any cementite precipitation. The high strain energy (~ 400 J mole™!) of the

IPS shape change associated with bainitic growth causes extensive plastic deformation local
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to the bainite-austenite interface because the yield strength of austenite is relatively low at
these temperature. The high dislocation density that this creates is thought to prevent the
continuous growth of the bainite grain, and thereby limit its maximum size. Growth must
therefore proceed by the nucleation of new bainite sub-units, although nucleation is thought
to be facilitated by the presence of suitable embryos in the dislocation debris. These bainite
sheaves are made up of fine bainite sub-units separated by regions of austenite, martensite
and cementite. These sheaves grow in quite a coarse parallel manner (Figure 1.6) to form a
non-lamellar structure which is considered detrimental to toughness (Ishikawa and Takahashi,

1995).

Carbon supersaturated plate

- Carbon diffusion

Carbon diffusion , into austenite and
Into austenite carbide precipitation

- Carbide l
precipitation from
austenite

UPPER BAINITE LOWER BAINITE
(High Temperature) (Low Temperature)

Figure 1.7 Illustration of upper and lower bainite formation (Bhadeshia, 1992).

Individual sub-units of bainite are found to lengthen at a rate much less than martensite
* plates whose velocity can be limited by the speed of sound in steel. However, the lengthening
rate is many orders of magnitude greater than that expected due to carbon diffusion control

(Bhadeshia, 1992). The growth rate of bainite sheaves is even slower because it is also a

11



CHAPTER ONE — The Physical Metallurgy of Steel Wélds

function of the delay time needed to repeatedly nucleate new sub-units. Calculations by Ali and
Bhadeshia (1989) suggest that the measured growth rates of bainite sheaves are approximately
an order of magnitude greater than those expected by the carbon diffusion controlled growth
of plates (Trivedi, 1970). |
The bainife transformation is particillarly interesting because it has an unusual character
which may be rdtionalised (Bhadeshia and Edmonds, 1980) in terms of the two stage mechanism

suggested by Hehemann (1970):

(1) There is a well defined bainite start temperature Bg above which bainite will not
form because the thermodynamic driving force is insufficient to allow the initial
displacive transformation event.

(2) Below the Bg temperature the bainite reaction has the character of a nucleation
and growth process (i.e. both the rate and extent of transformation are tem-
perature and time dependent). However, the bainite reaction is an ‘incomplete
reaction’ because the maximum amount of bainite that forms is always much less
than that given by the application of the lever rule to the paraequilibrium phase
diagram. Bhadeshia and Edmonds (1979) suggested that this is a direct conse-
quence of the two stages in the bainitic transformation. As the bainite reaction
proceeds the partitioning of carbon from the supersaturated bainitic ferrite in-
creases the carbon concentration of the residual austenite. The reaction always
stops when the carbon concentration of the residual austenite reaches the T, curve
(Figure 1.8), and not the Ae;3 boundary (the paraequilibrium Ae; phase bound-
ary). The T(; curve is the locus of ali those points for which austenite and ferrite
of the same composition have equal free energies, after allowing for 400 J mole=!
of stored strain energy in the ferrite. The bainite reaction stops at the Tc', curve
because the thermodynamic driving force is no longer sufficient to allow further

diffusionless transformation.

‘ Recent research by Bhadeshia and co-workers (1992) has demonstrated that in many
.welds acicular ferrite is essentially an intragranularly nucleated form of bainite (section 6.2).
If sufficient intragranular nucleation sites exist, then bainite will nucleate upon them, but
because the growth of these sheaves is stifled by hard impingement, with sheaves independently
nucleated at neighbouring sites, the microstructure appears very different to conventionally
nucleated bainite. However, this does not preclude the possibility that Widmanstétten ferrite

may nucleate intragranularly and be interpreted as coarse acicular ferrite.
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¢ = carbon content of alloy
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N
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I
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Carbon concentration

Figure 1.8 Schematic of the phase diagrani which illustrates the ‘incomplete’ bainite transfor-
mation.

The acicular ferrite microstructure can best be described as a chaotic arrangement (Fig-
ure 1.6) of very fine interlocking ferrite laths (~ 2-3 pm in length) that are separated by high
angle grain boundaries. This microstructural product is considered invaluable to weld tough-
ness because of the tortuous path it forces propagating cfacks to take (Abson, 1987; Easterling,
1992). The fine grain size and high dislocation density associated with acicular ferrite mean
that it is also a hard and strong microstructural product. Acicular ferrite then appears to
offer that rare combination of high strength and toughness. Indeed commercial research in
several countries is directed towards ‘inoculating’ wrought steels with non-metallic particles
that nucleate acicular ferrite during controlled cooling. Nippon Steel had by 1987 succeeded

in achieving this on an industrial scale (Chijiiwa et al., 1987; Yamamoto et al., 1987).

The fusion zone of a steel weld contains very large numbers (between 108 and 10° per
mm?) of randomly distributed non-metallic inclusions, which are usually less than 1 ym in
diameter. These inclusions form as the weld is deoxidised at very high temperatures and
provide the primary intragranular nucleation sites for acicular ferrite (Ito and Nakanishi, 1976;
Abson et al., 1978; Abson, 1987; Dowling et al., 1986; Thewlis, 1986). Inclusions are by their

"nature relatively brittle and can act as initiation sites for brittle fracture processes at low
temperatures. Above the ductile to brittle transformation temperature, inclusions nucleate
voids leading to failure by ductile void coalescence. Thus, the optimisation of weld toughness
requifes thaI; a balance be found between the need for sufficient inclusions capable of nucleating
the relatively tough phase acicular ferrite, and the desire to minimise the number of inclusions

which can promote fracture or ductile void coalescence. Maximum toughness is therefore
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thought to be associated with a relatively low volume fraction of small, but potent inclusions.
Unfortunately inclusions are very small and complex multiphase structures, not amenable to
easy examination or analysis using electron microscopy, so this compromise might be aided

through computer modelling.

- 1.8.4 - Martensite and Retained Austenite

Martensite forms by a completely diffusionless shear transformation which occurs at very
high undercoolings, when the thermodynamic driving force for transformation is very large.
A consequence of this diffusionless shear transformation is the existence of a reproducible
orientation relationship between the parent and product lattices. This orientation relationship
consists of a parallelism between the close packed-packed planes in the austenite and those
in the martensite, with a corresponding parallelism between the close-packed directions in
both phases. However, the austenite lattice (f.c.c.) cannot transform to a martensite lattice
(distorted b.c.c.) through the application of an IPS shape change alone. The transformation
occurs via a combination of the Bain strain with a suitable rigid body rotation and a lattice
invariant deformation that can be either twinning or slip (Christian, 1975). This produces a

“semi-coherent glissile interface between the austenite and the martensite. Transformation can
then occur at very low temperatures, even below room temperature, because a glissile interface
is able to move very rapidly.

In an unconstrained transformation the ‘habit’ plane between the martensite and the

aﬁstenite is flat. However, in a constrained system, such as an austenite grain, the plate
~adopts a curved interface to minimise the strain energy per unit volume that is induced upon
transformation. The degree to which the martensitic transformation occurs is virtually in-
dependent of i:ime, but is instead found to be a function of the undercooling below the Mg
(martensite start) temperature. Retained austenite is left over if the martensitic reaction does
not go to completion during quenching.

Untempered martensite can be very hard but brittle. If a weld cools very quickly and/or is
heavily alloyed, then some of the residual austenite may transform to lath or lenticular marten-
site, which forms independently of the grain boundaries (Easterling, 1992). This martensite
often forms as a thin ‘film’ around existing displacive transformation products such as Wid-
manstétten ferrite, bainite and acicular ferrite. Martensite forms at relatively low temperatures
in low-alloy steel welds and is therefore largely untempered and brittle. Consequently these
welds are designed with the aim of minimising the fraction of martensite that forms.

As the weld cools and ferrite formation proceeds the carbon concentration in the residual

austenite increases considerably. Therefore, it is not unusual for a small amount of austenite
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to remain stable to ambient temperatures. Retained austenite exists as a thin ‘film’ around

the various displacive transformation products.
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CHAPTER TWO

Transformation Kinetics

This chapter summarises the various theoretical and empirical models that have been developed
to describe the kinetics of solid state phase transformations. In the ﬁ;st part theoretical models
which are based on the methods of Johnson, Mehl and Avra,irli are described. Models of the
austenite to ferrite phase transformation in wrought and welded si:_ee_ls' ére outlined in the

second part.
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2.1 The Johnson-Mehl-Avrami Approach

2.1.1 Random Nucleation and Growth

In the present context the theory of transformation kinetics describes the relationship
between the fraction of an assémbly transformed and the time at the isothermal holding tem-
pérature. An exact treatment requires that the problem of hard impingement and interference
between regions growing from different nuclei be considered. Johnson and Mehl (1939) and
Avrami (1939, 1940 and 1941) were the first to develop a satisfactory theory for this geometrical
problem. This theory is described in a comprehensive review by Christian (1975).

Consider the precipitation of 8 from the parent phase 7. A precipitate particle can be
considered to become peréeptible after an incubation period 7. Assuming isotropic growth at

a constant rate G, the volume v, of such a spherical particle is given by:

v, = (/3G -1 - (@E>T) . (1)

v, =0 (t<T) . - (2.2)
where t is the time defined to be zero at the instant the sample reaches the isothermal tfans—
- formation teﬁlperature. _

- Particles nucleated at different locations may eventually touch. This problem of hard
impingement is neglected at first, by allowing particles to grow through each other and by
permitting nucleation to occur even in regions which have already transformed. Avrami de-
scribed the latter as phéntom nuclei and the calculated volume of the particle of 8 phase as
_ari ertended volume. The change in the exrtended volume due to all those particles nucleated

in a time interval 7 to 7 + dr is, therefore, given by:
dVﬂe = v,.I(V,Y + Vﬂ) dr (2.3)

where I is defined as the nucleation rate per unit volume, V. is the volume of untransformed
7 at any instant and Vj is the volume of the precipitating phase 3 at any instant. The total

extended volume of 3 at the time ¢ is obtained by integrating between 7 = 0 and 7 = ¢ to give:
t
Vs = (4nV/3) /T ., GI(t—T1)%dr (2:4)

where V = V., + Vp is the total sample volume. This extended volume Vﬁe may be larger than
the total volume V. Its importance is that it allows the separation of the kinetics of nucleation

and growth from the geometrical problems of phantom nucleation and hard impingement.
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Clearly only those parts of the change in the extended volume which lie in untransformed
regions of the parent phase + can contribute to the change in the real volume of 3. If nucleation
occurs completely randomly throughout the volume of the parent material then the probability
~ that any change in the extended volume lies in the untransformed pa,rént phase is proportional
to the fraction of untransformed material at that instant. Tt follows that the real change in

volume in the time interval ¢ to't + dt is:

v, .
B e
AV, = (1 - V) dvs | (2.5)
i.e.
| v
Vi=-Vin ( - ) (2.6)

Therefore, eliminating Vj§ from equations 2.4 and 2.6 gives:

“In (1 - Yg) = (4r/3) G® /0 ‘I -1 dr 27)

In making this conversion from extended to real volume, all information about individual
particles is lost, so that the application of the Avrami model yields only the volume fraction
transformed. Equation 2.7 can be integrated with specific assumptions about the nucleation
rate — when the nucleation rate is constant:

v - |
¢ﬂ=_§=1—exp(-§a31t4) R (28

where (g is the volume fraction of 3 formed at the time t. This is the form of the clas-
sic Johnson-Mehl-Avrami equation for random nucleation and linear growth, which is often

written in a simplified form as: A
(5 =1—exp(—kt") | (2.9)

where the constants k and n are obtained by fitting to experimental data. The theory can be
adapted for a variety of nucleation and growth mechanisms, howeve.r‘,v it is restricted to the
precipitation of a single phase from the parent.

The growth rate need not be constant. In diffusion controlled growth, the particle di-
mension will vary with the square root of time, the constant of proportionality being the
three-dimensional parabolic thickening rate constant (£). The value of £ remains constant as
long as the far field concentration in the matrix does not change. Therefore, equations 2.1 and

2.2 are rewritten as:

v, = (47/3)&3(t — 7)%/? t>71) (2.10)
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v.=0 (t<T) (2.11)

and equation 2.3 becomes:
avs = ‘-;wg?’(t — 7321V dr (2.12)

where ¢ is the three-dimensional parabolic thickening rate constant of 3.

However, in a diffusion controlled transformation (4 cannot be defined as the fraction of
the whole assembly which has transformed. Instead, if ¢ is the equilibrium volume fraction of
B as given by the application of the lever rule to the phasé diagram, then equation 2’.6bmay be

rewritten as: .
VE=—¢Vin(1- Vs o (2.13)
B PV
Therefore, (g is redefined as Vs/¢V, the fraction of the equilibrium volume fraction of B

transformed at any time ¢, so that the integration yields:

| 8 .3 5)2 N
=1— - 2.14
(g=1 exp( 15¢7r§ It | (2.14)
It is emphasized that this analytical relationship is strictly valid only if the value of £ does not

change during transformation, i.e. at very small degrees of transformation.

2.1.2 Nucleation at a Grain Surface

The models fér random nucleation and growth discussed above rely upon the assump-
tion that nucleation is completely random in the volume of the assembly. However, in many
real systems nucleation occurs preferentially on grain boundaries and dislocations (Christian,
1975). Fortunately the theory due to Johnson—-Mehl-Avrami can be extended to allow for such
‘clustered’ nucleation. In this section the theory for preferential nucleation along the grain
boundaries of the parent material, due to Cahn (1956), is presented. )

The phase 3 grows with an isotropic and constant growth rate G and a constant nucieation
rate Ip per unit area of grain boundary. Consider a planar boundary of area O,. The radius
of a spherical particle nucleated at 7 at the time ¢ is G(t —7) when ¢ > 7, and zero when ¢ < 7.
This particle intersects an arbitrary plane parallel to the boundary, but separated by a distance
y from it, as a circle. The radius of this circle is [GQ(t —7)% — 2/ 2‘_for G(t—17) >.y, and
zero for G(t — 7) < y. Therefore, the contribution to this extended area from those particles

nucleated between the times 7 and 7 + dr is:
dOg = m0,Ip [G2(t — 1) — ] dr Git—1)>y (2.15)

dog =0 . Gt—1) <y (2.16)
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Noting that only those particles nucleated such that 7 < (¢ —y/ G) can contribute to the

extended area permits the total extended area of intersection at the time ¢ to be evaluated as:

¢ t—y/G
05= [ doy =r0, / G2t — )% — I dr (2.17)
7=0 7=0
This can be integrated to give:
0% = (r/3)0,IzG*t3(1 - 36> — 26°) 6<1) (2.18)
0=0 0>1) (2.19)

where 6 = y/Gt.
The relationship between the extended and real area is determined in a manner identical

to that used to derive the relationship between an extended and a real volume (section 2.1.1),

so that:
B - _ 2B |
0 ln( : ) (2.20)

Assuming that there is no interference from other nucleating boundaries, the total volume
Vé’ of material originating from this planar grain boundary is obtained by integrating for all y
between negative and positive infinity (assuming that partlcles of ,3 can grow into the parent
grains on both sides of the nucleating boundary) to glve
vi=2[ 0gdy=2 / 0,Gt [1 - exp(~03/0,)] db (2.21)
y=0

Substituting Of from equation 2.18 allows this to be written as:

Vi = 20,Gt / 1 [1 - exp{(—7/3)IgG*¢3(1 — 36> — 26°)}] db (2.22)
0 .
or
V2 =20,Gt f(G,Ip,1) (2.23)
where 1
f(G,Ig,t) = / [1 — exp{(—/3)I5G*t*(1 — 36° — 26°)}] df (2.24)
0

If the total grain boundary area in the assembly is Og = 3 O,, then by substituting Og
for O, in the above equation the total extended volume V5 of material emanating from all of
the grain boundaries is found. This is an ertended volume because allowance was not made

for impingement with discs originating from different grain boundaries. Thus:

V§ = 205Gt f(G,Ig,1) - (2.25)
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If Sy, is the grain surface area per unit volume this may be expressed as:"

V5 =25, VGt f(G,Ip,1) | | B (2.26)

Equation 2.6 may used to calculate the real volume, if it is assumed that the nucleating
grain boundaries are randomly distributed throughout the volume of the assembly. Therefore,

the volume fraction of B at any time ¢ is:

(g = % =1-—exp(-2SyGt f(G,Ig,1)) (2.27)
If either G, I g or tis large then site saturation occurs and the function f(G,Ig,t) tends to
unity. Thus, equation 2.27 reduces to an equation which describes the planar thickening of a
phase with a constant growth rate:

v,
(o= 7” =1— exp (—25,Gt) (2.28)

2.2 Modelling the Allotriomorphic Ferrite Transformation in Wrought Steels

2.2.1 Gokhale

Research by Gokhale (1986) modelled the isothermal kinetics of tfxe allotriomorphic or
proeutectoid ferrite transformation in hot-rolled microalloyed steels that were the subjeét of
an extensive experimental study by Crook and Chilton (1984). Site saturation occurred in the
early stages of transformation so that the auétenite grain boundaries were. almost completely
covered by a thin layer of ferrite. Consequently the subéequent traﬁsformation to ferrite oc-
curred via the growth of existing ferrite particles in a. direction perpendicular to the nucleating
austenite grain surface. This one-dimensional growth geometry was represented by assuming
that the ferrite grains could be modelled as cylinders with a constant radius R, and a length
L = 29(t — t,)/2, where 9 is the one-dimensional parabolic thickening rate constant, ¢ is the
time at the isothermal holding temperature and ¢, is the delay time before a complete layer
of ferrite forms. Assuming that growth occurs on both sides of the austenite grain surface the
extended volume fraction of ferrite is V¢ = 2rR3N,9(t — t,)'/2, where N, is the number of
ferrite grains per unit volume.

The real volume fraction of ferrite was determined using an approach due to Hillert (1959)
because the classical Johnson-Mehl-Avrami equation for nucleation and growth (section 2.1.1)
is not applicable if the spatial distribution of nuclei is not random in the volume of the assembly

but is ‘clustered’. Hillert suggested the following phenomenological equation for such situations
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dV, = (1 - V,)¥ dVg¢, where dV,, is the change in the real volume fraction of ferrite in a small
time interval ¢ + dt and dV;S is the cofresponding change in the extended volume fraction of
ferrite. The exponent w is greater than unity for clustered nucleation processes. Gokhale
assumed that w = 2 throughout the course of the transformations studied. Thus integration
gives:

Ve

=2 2.29
Vo= 133 (229)

Using this approach and a similar model for the real surface area of the ferrite-austenite
interface per unit volume, Gokhale fitted the parameters t,, R, and N, to a range of steels
that were subjected to a variety of isothermal heat treatments. The correlation between the
predicted and measured fraction of allotriomorphic ferrite as a function of time was very high.
However, this approach is of limited use as a modelling tool because‘it requires the empirical

fitting of parameters for each steel and heat treatment. -

2.2.2 Bhadeshia et al.

Bhadeshia et al. (1987) and Reed and Bhadeshia (1992) modelled the isothermal trans-
formation kinetics of allotriomorphic ferrite for a wide Ijaﬁge of wrought steels foHowing the
method of Cahn (1956) which is described in section 2.1.2. ConseQuentiy only the essential
- differences are presented here. '

The model assumes diffusion controlled growth in which the propottionality constant re-
lating the thickness of the allotriomorph to time is 9, the one-dimensional parabolic thickening
rate constant. Each allotriomorph prior to site saturation is modelled as a disc parallel to the
austenite grain boundary plane on which it nucleated (Figure 2.1). The allotriomorph has a
half-thickness ¢ = 9(t — 7)'/2 and radius 7q, where 17 is an aspect ratio taken to be equal to
3. The aspect ratio is considered to be constant because in reality, lengthening and thickening
are coupled processes, at least prior to impingement along the austenite grain boundary plane.
. The extended area O is defined as the sum of the areas of intersection of the discs of the
phase § with an arbitrary plane at y. The change dOg in O due to those discs nucleated in

the interval T to 7 + dr is:
dO§ = 10, Ig[(n)%(t — 7)) dr Wt—1)2>y ' (2.30)

d0§ =0 dt-—1)2<y (2.31)

If the nucleation rate per unit area of austenite grain boundary Iy remains invariant

during the course of the transformation and noting that only those particles nucleated such
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Plane surface of area O, parallel
to 4-grain boundary

/

Allotriomorphs of half-thickness g, radius 3¢ ~-grain boundary

Figure 2.1 Model of allotriomorphic ferrite particles nucleating on a planar austenite grain
boundary (Reed and Bhadeshia, 1992).

that 7 < [t — (y/®)?] can contribute to the extended area intersected with the plane at y, then

the total extended area intersected at the time ¢ is given by:

t—(y/9)* B -
05 = / POl =) dr | (2.32)°
Integration gives: B . .
05 = (1/2)0, Ip(19)*¢*[1 — 6] - (2.33)

where 8 = y/(9t'/2). Assuming that there is no interference from other nucleating boundaries,

the total volume Vé’ of material originating from this grain boundary is:

1
V= 2/ 0,98/%(1 — exp{—0% /0, }) df (2.34)
=0
or .
Vg =20,9t'2 f(n, 9, Ip, 1) (2.35)
where: .
£0,9,T5,1) = [ 11 exp{-(1/2)mIp(n (1 - 6%)}] db (2.36)
0

The total extended volume V§ of material emanating from all of the grain boundaries in
an assembly is:

Vi =28, Vot'2f(n,9,15,t) - (2.37)

If ¢ is the equilibrium volume fraction of 3 then the fraction of the equilibrium volume ¢V

transformed at any time ¢ is:

v, : -
G = g = 1= expl-2(Sy /9)9¢/2 (1,9, I, 1) (2:38)
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If either ¥, I or t is large then the grain boundaries rapidly saturate so that the function
f(n,9,1g,t) tends to unity. Therefore, equation 2.38 reduces to an equation which describes
the planar thickening of a phase with parabolic growth characteristics:

V. :
Go= v =1-eml-2ASy/e08" (239)

In this model nucleation at grain edges or corners is ignored, so that the analysis strictly
only applies at high supersaturations when the grain bou'nda.ry' faces are the dominant nu-
" cleation sites. Nucleation on grain edges may be modelled by considering the concept of an
extended line intercept on a straight nucleating édge. Therefore, the total length Lg due to

particles nucleating from one straight edge of length L may be determiﬁed using the following

equation (Cahn, 1956): .
~ s _ ( _ ﬁ) | (2.40)
L

- where Lj is the corresponding total extended length. If the edges are randomly distributed
in the volume of the assembly then hard impingement with particles nucleated on other grain
edges may be allowed for using equation 2.13. Nucléation on grain corners may be treated
using the original Johnson-Mehl-Avrami theory for random nucleation and parabolic growth
in the volume of the assembly (section 2.1.1).

Unfortunately, it is strictly not possible to combine these three analytical models to allow
for the simultaneous nucleation of ferrite on grain faces, edges and corners, as is the case in
real systems. Consequently, Reed and Bhadeshia used the model detailed above for grain face
nucleation, but approximated the nucleation rate per unit area Ip as a sum of the nucleation

rates determined for grain faces, edges and corners, so that:
Ig=IL+15+ 1§ o (2.41)

where };, I% and I§ are the nucleation rates per unit area of grain boundary for grain faces,
edges and corners respectively. These nucleation rates were calculated using classical nucle-
~ation theory. Grain faces have the highest activation energy barrier to nucleation and the
highest site density per unit area of grain boundary, whilst grain corher_s have the lowest bar-
rier to nucleation and the lowest site density per unit area. The situation for grain edges is
intermediate between these extremes.
Reed and Bhadeshia used this approach to calculate reconstructive TTT curves for steel
alloys documented in a published TTT atlas. In the first series of calculations an equilibrium

mode of transformation was assumed, and the concept of local equilibrium (section 1.3.1) was
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used to determine the one-dimensional parabolic thickening rate constant 9. In the second
series of calculations a paraequilibrium mode of transformation was assumed for the calcula-
tion of 9. Comparison between the predicted and published TTT curves indicated that below
the Aej temperature the paraequilibrium modél described the measured transformation ki-
netics far better than the equilibrium model. Between the Ae; and Ae; temperatures, where
a paraequilibrium mode of transformation is thermodynamically impossible, the equilibrium
- model described the measured transformation kinetics reasonably well. The main limitation of
this analytical method is that it does not take ihto account changes in the far field composition
of the untransformed austenite as the transformation progresses, so that the nucleation rate
I and the parabolic thickening parameter ¥ remain invariant. The assumption of a constant
nucleation rate is considered to be reasonable because site saturation at the austenite grain
bbundaries will occur during the early stages of transformation. However, appreciable soft
impingement will occur in the latter stages of transformatioh, changing the growth conditions,
so that this analytical method is only suitable if the fraction transformed is less than or equal
to 0.5.

2.2.8 Enomoto

Enomoto (1992) developed an alternative method for predicﬁing'the TTT diagram of
a,llbtriomorphic or proeutectoid ferrite in Fe—C and Fe-C-X wrought alloys, where X is a sub-
stitutional alloying element, using diffusion controlled growth theory. A computer implemented
numerical procedure was adopted which allowed the effects of solute enrichment and depletion
to be considered. The initiation time for trwsfofﬁation was taken to be the incubation time
of an allotriomorphic ferrite nucleus. This was calculated using nucleation theory described by
Aaronson and Lee (1975) which estimates the time required for an embryo to form. The solute
concentration at the ferrite-austenite interface at any stage of the transformation was deter-
mined according to whether local equilibrium (PLE or NPLE) or paraequilibrium conditions
were operative (section 1.3.1). For example, Enomoto suggested that when the carbon con-
centration of the untransformed austenite is sufficiently enriched a switch from NPLE to PLE
might be expected to occur, even during isothermal holding. This is because the carbon con-
centration gradient becomes negligibly small, so that the flux of carbon becomes comparable
~ to that of the alloying elements. »

The influence of enrichment and depletion of solute atoms in the untransformed austenite
matrix was modelled using a quasi-stationary approximation to determine the diffusion field
in the austenite. Both planar and spherical growth geometries Were'modelled. Enomoto con-

sidered that the spherical growth model, in which the diameter of the sphere was assumed to
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be equal to the austenite grain size, represented the enrichment and depletion of an austenite

grain more realistically. The model was found to accurately predict the well known retar-
| dation in transformation kinetics with an increésed austenite grain size.. However, Enomoto
noted that the model did not represent the transformation kinetics of Widmanstétten ferrite
adequately because the build up of carbon in front of the plate tip is minimal, so that the
plates lengthen linearly with respect to time. It was suggested that this would not lead to
significant errors at high temperatures in samples with a small austenite grain size (< 20 pm)
because the Widmanstétten ferrite start temperature in the untransformed austenite would be
strongly depressed by solute enrichment. Significant errors were, however, anticipated at lower

temperatures and larger austenite grain sizes.

2.3 Modelling Competitive Transformations in Wrought Steels

2.8.1 Saito and Shiga

A computerised model describing the sequential formation of allbtriqmorphic (proeutec-
toid) ferrite, pearlite and bainite in thermo-mechanically processed ‘erought steels was pre-
sented by Saito and Shiga (1992) and Saito (1993). This model used chemical thermody-
namics, classical nucleation theory and kinetic theory due to Johnson, Mehl and Avrami to
predict microstructural evolution during continuous cooling. All three transformations were
assumed to occur sequentially (i.e. successively and independently). Modﬁles which described
carbonitride precipitation, austenite grain growth and recrystallisation were also incorporated
into this model.

Saito and Shiga presented a generalised version of the Johnson—Mehl-Avrami equation as:

t

X(t)=1- [— exp ( J(t") V(t,t) dt’)] _ (2.42)

#'=0
* where X (t) is the volume fraction transformed at the time ¢, J(¢') is the nucleation rate at the
time ¢’ and V'(¢,t') is the extended volume at the time ¢ of a stable nucleus formed at the time
t’. The term j:;=0 J(t') V(t,t') dt’ represents thé total extended volume at the time ¢.

The total extended volume of allotriomorphic ferrite was determined using equation 2.42.
The dimensions of each extended particle (spherical) of allotriomorphic ferrite were calculated
by assuming diffusion controlled parabolic growth. The nucleation rate was found using a
classical approach. Allotriomorphic ferrite formation ceased and pea.rlité formation started
when the carbon concentration in the untransformed austenite reached the eutectoid cérbon
concentration. Site saturation was assumed in the simulation of the péarlite transformation,

such that the total extended volume of pearlite at the time ¢ is simply the product of the total
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austenite-ferrite interfacial area and the thickness of the extended pearlite layer (Hillert, 1975).
If the free energy change associated with the nucleation of a phase with the same composition
as the untransformed austenite exceeded 400 J mole~! then bainite was assumed to form
instead of pearlite. The transformation kinetics of the complex bainite reaction were modelled
in the same manner as the pearlite transformation kinetics. Paraequilibrium conditions were
assumed for all three transformations.

To permit the evaluation of transformation kinetics during continuous cooling, the cooling
curve was divided into a series of small iso<ns1:XMLFault xmlns:ns1="http://cxf.apache.org/bindings/xformat"><ns1:faultstring xmlns:ns1="http://cxf.apache.org/bindings/xformat">java.lang.OutOfMemoryError: Java heap space</ns1:faultstring></ns1:XMLFault>